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COMPOSITIONAL ORDER AND STRUCTURE OF EPITAXIAL
THIN FILM SEMICONDUCTORS BY X-RAY DIFFRACTION

Kevin Lloyd Whiteaker, Ph.D.
Department of Physics
University of Illinois at Urbana-Champaign, 1997
Ian K. Robinson, Advisor

Here two experiments using x-ray diffraction on thin films grown by molecular beam
epitaxy are described. One concerns the compositional ordering of Si,Ge,_.(001) alloy films.
The other reports the defect cubic structure of epitaxial Fe,Si films on Si(111). The thesis
also describes our newly assembled surface x-ray diffractometer and vacuum chamber, used
in one of the experiments, and the calculation of the integrated intensity of surface rod
f-scans, to give the Lorentz factor used for the data reduction to structure factors.

Understanding compositional long range order in Si;_,Ge,(001) films is an important
problem in the molecular beam epitaxial growth of semiconductor alloys, for which a back-
ground of the bulk SiGe alloy and its film growth conditions is presented. Previous experi-
ments pointed to the growth surface as the focus, for which two ordering mechanisms have
been proposed to explain the evidence so far. Both are directly related to the known (2x1)
reconstruction at the growth surface. We therefore performed surface x-ray diffraction ex-
periments on Sig5Geg s films grown on Ge(001) substrates. The results for our thinnest film
(8 monolayers) show the compositional order at the initial stages of growth. This ordering is
observed underneath the surface (2x1) dimer reconstruction, and was previously predicted
by calculations on the equilibrium alloy surface. This initial surface compositional ordering
is also consistent with the ultimate structure for the bulk of these films. Measurements from
thicker alloy films show an increase in the average order parameter with increasing thickness,
but then a decrease with the thickest film of 1000 A.

X-ray diffraction also has been used to analyze a series of thin film samples of Fe_Si grown

by MBE as a function of thickness and the composition variable, . Unannealed samples

i1



were found to be composed entirely of CsCl-type structure not present in the bulk phase
diagram. A careful crystallographic analysis was used to show that the variable composi-
tion is accommodated by vacancies on the Fe sites. The unit cells of the film were nearly
lattice-matched to the substrate, which results in a rhombohedral distortion; this lateral

strain is compressive for samples near FeSi composition and tensile for samples near Fe, 5Si

composition.
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Chapter 1

Introduction

1.1 X-ray Diffraction

1.1.1 Background and 3D diffraction

X-rays are electromagnetic radiation with a wavelength near 1 4. This makes X-rays an
excellent probe of the structure of matter in its variety of forms. The reason being that
the spacings between the elemental parts of matter, atoms, are also on the order of the
wavelength of x-rays. Therefore, diffraction by these electromagnetic waves has become an
important tool for determining the structure of materials. Here, I will present a brief outline
of x-ray scattering and diffraction, leading to a discussion of surface x-ray diffraction. Further
detail on this subject can be found in Ref. [1]

The elastic x-ray scattering amplitude from an single classical electron by an incident
wave A, is given by the Thompson scattering equation,

e2

°mc2R

A=4 (1.1)

This is for the scattering of x-rays polarized perpendicular to the plane of scattering, and R

is the distance to the detector. For the opposite polarization there is an additional factor of



cos §. the scattering angle. The detected quantity is the intensity, which is the time averaged
squared magnitude of the wave-field amplitude, which gives

4

e
[ = IomP(ﬁ) . (12)

The factor P(6) is the polarization factor from the average over both polarizations, which
for a random polarization source, becomes (1 + cos?6)/2. Beyond here, this term will be
ignored. The second term is usually combined to (r./R)? where 7. is the classical radius of
an electron.

For a solid. which has many electrons within it, the total x-ray scattering is the super-
position of all the waves scattered by each electron. The interference between these waves
is determined by the position and/or arrangement of the electrons, which is related by the

phase of each wave. The equation for the scattered amplitude is then,

A=3 4, (%) eiTrn (1.3)

where ¢ = k - l;i defines the momentum transfer between the final scattered and incident
wavevectors. This sum over all electrons is then broken down into the periodic and repeating
units of the solid. First, are all the electrons within each atom. Second, each atom within
the unit cell volume is added. The unit cell can be defined as having the minimum number
of independent atoms (in the solid) and is repeated in all 3 dimensions of space to fill the
volume taken by the solid. A solid with this specific periodic structure of a unit cell is defined

as a crystal. The position for each electron can then be written as
Fo=Tg+7+R,. (1.4)
The summation is also broken into these parts is give for the scattering amplitude

A= A,,(T_I;)Zzze“f("ﬁﬁmﬂ, (1.5)
j  Z
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where the first sum is over the Z electrons in an atom, the next sum J is over the atoms in
the unit cell, and the final summation is over all space. The first sum, Z, can be grouped

together to give what is called the atomic scattering factor

f(@) =), (1.6)
zZ

Here the classical approach can no longer be used, but the quantum mechanical scattering
is used to calculate resulting atomic scattering factors. The quantum mechanical scattering
is covered in Sakurai [2], while the conventional analytic formulae for the scattering factors
are found in Ref. [3].

Next, in the Equation (1.5), is the sum over the atoms within the unit cell, which can be
grouped as

F(@) =3 fi(@e™ . (1.7)
i

Here f; is the atomic scattering factor for the i atom at position 7;. This result for the unit
cell is called the structure factor. Alternatively, the structure factor function is viewed as
the Fourier transformation of the electron density within the unit cell.

The new equation for the scattering amplitude is then
A=4, (%) F(@§) S eth (1.8)
J

where the summation over full volume of the crystal is in units of direction given by the

bases vectors of the unit cell, @;, @,, and @z, giving
é = n,a; + nads + n3as . (19)

The n’s are integers from 0 to NV, where Na; is the size of the crystal in the corresponding

basis direction. The summation is then distributed in the three directions to give

eiq‘-(n;d'1+ﬂ2&'2+n3&'3) — einlq'-&'l eingq‘-‘g ein;;(i'-ﬁ'3 . (1.10)

n;,n2,n3



This brings one to introduce the bases for g, called reciprocal space, where

g = hby + kby + 1b3 (1.11)
where
- do X a.
b1 = QW%, etc. (112)
a;-as X az
so that
g-a, =2rh (1.13)
q-d, =2k (1.14)
G- a3 = 2wl (1.15)

These are called the Laue conditions. More details of reciprocal space and it relationship
the physical periodic space of real crystals is covered in Ref. [1] and [4]. The variables 4, &,
and [ at integer positions correspond to the Miller indices, which describe the vectors normal
to planes of atoms within the crystal. (These planes and their separation dny are the same
used in the alternative derivation of x-ray diffraction to give Bragg’s Law, 2dx sinf = A.)

The summation, for example of n,, becomes

2

Nt orin 1 — g2mihiy |2
Zoe Tihng = ’-T——;m = SNl (h) (1.16)
ny= 1

which is a d-like function as V — oc at integer values of A when squared for the intensity.

The intensity becomes
2
[=1, (E) |F(hkL)|? Sy, (k) S, () Sy (1) (1.17)

which gives the result that the diffraction is concentrated at points in reciprocal space where
hkl are integers. These points are often called Bragg peaks. The angles of these beams of
diffracted x-rays are determined by the relationship between hkl to ¢ which is defined in

terms of the final wavevector. The final intensity result above can be also viewed the Fourier



transformation for the whole crystal, which the crvstal well defined periodicity results in
sharply defined peaks in reciprocal space. The structure factors F(h, k, { ) relate the strength
of these peaks to each other. By measuring the strength of the Bragg peaks, and quantifying
the structure factor from a material of interest, its atomic structure within the unit cell can
be determined. The intensity in the form above is not as useful in these measurement for
reasons to be discussed in Chapter 2. The experiments measure the quantity (integrated
intensities), which is the angular and volume integration in reciprocal space. This results in

the equation (1]

piva
Line = I,r2 |F(h, kD) . (1.18)

The experimental parameters are: V', the crystal volume; w, the angular speed of integration;
Uq. the unit cell volume; and sin 26 is called the Lorentz factor (to be discussed in Chapter 2).

One final detail is that once the structure factors are measured, the inverse transformation
to the atomic structure is not directly possible because one lacks the structure factors’
complex phases. This is called the phase problem, and is usually solve by the indirect
method of least squares refinement to a proposed model. The atoms and/or their positions
are then parameters to calculated model structure factors, which are then compared to the

measured structure factor by the y? distribution function,

2
N IR - F'imodel

1
_pz' —3 . (1.19)
=1

2:
X N

The measurement uncertainties, o, and the number of parameters, p, are normalization

factors of the refinement to the V data points.

1.1.2 2D and surface x-ray diffraction

This thesis focuses on experiments on surfaces and thin films of crystalline materials. The
x-ray diffraction from these structures are based on the same principles as 3D diffraction,

but a number of details and assumptions change. This leads to different forms of intensities,

-

]



instead of just Bragg peaks. For example. the surface can be viewed as a defect of a crystal.
where the periodicity is stopped in one direction . This boundary, or sharp discontinuity, will
cause the Fourier transformation to give a continuous distribution of diffraction intensity.
This distribution, in reciprocal space, is perpendicular to the surface, i.e. in the stopped
direction of periodicity.

Another example is an ideal 2D crystal. Here there is no periodicity in the third di-
rection. A similar unit cell can be defined for the 2D crystal, but it will now have only
two basis vectors. The summation over all space will be distributed in only two directions.
Reciprocal space is still in 3-dimensions, so a third real space direction is freely defined to
be perpendicular to 2D plane. The reciprocal space bases directions are then: h and k are

in the 2D plane and [ is perpendicular, out of plane. The intensity result is (5]
T\ 2
I= 1 () [P0k S, (h)Sw (k) (1.20)

which does not have a Laue condition in [. With respect to this direction, the only dependence
is in the structure factor function, which is a continuous function because it is defined for a
single unit cell. In the other two directions the 2 and k£ Laue conditions still apply because
of the 2D periodicity. The resulting intensity pattern is in the form of rods, periodic with
d-functions at integer position in variables h and k, but continuous in .

Returning to a real crystal surface, one way to derive the diffraction result is to use the
2D result above to build a crystal in one half-space. The perpendicular summation can then

be written as

= 2xil 1
Z e TN ITC—:—%I y (1.21)

n3=0

which squared for the intensity becomes,

Ietr =1, (%)2 |F(hEl)? Sy, (R)Sn, (k) ! (1.22)

2 2 2xly -
2sin*(55)
The 1/sin® function still gives a continuous line of diffraction intensity, but now the

function is peaked again at integer values of /. This result gives what are called crystal

6



truncation rods (CTR) which are rods of intensity which decay as 1/¢® away from the
Bragg peaks in the direction perpendicular to the surface (7, 6]. This result is for the
simplest ideally terminated crystal, but in general the distribution of intensity along the
CTR is determined by the surface structure. Details such as roughness, vacuum relaxations,
absorption, desorption and electro-chemical reactions and/or changes at surface will affect
the CTR distribution and are used to determine these changes in surface structure. [5, 8, 9,
10]

Another example in patterns of surface x-ray diffraction is from crystal surfaces with
reconstructions. In general, a surface reconstruction is the re-organization of atoms to a
different structure from that of the bulk [11]. It is typically associated with the surface
structure having a different periodicity from the substrate crystal. This is analogous to
having a separate 2D crystal lying atop the surface of ideally terminated crystal. The
pattern of diffraction intensity is a combination of surface rods from the reconstruction and
CTR’s. This will be the case for our experiments on Ge and Si;Ge;_, (001) surfaces, which
have the dimer reconstruction and is double the periodicity of the substrate in one direction.
In reciprocal space, this results in rods at half the distance between the CTR’s along that
direction. The notation describing the reconstruction periodicity is to use integer multiples of
the substrate’s surface units. For example, the Ge(001) dimer reconstruction is represented
as (2x1).

The last example is the diffraction of thin films. A thin film has two surfaces which can
give complex distributions along rods from the interference of scattered waves. As will be
seen in Chapter 4, the summation (Equation 4.4), similar to the ones above, in a direction
perpendicular to the film interface, results in a function which oscillates in intensity. This
oscillation is then related to the length scale or thickness of the thin film.

To conclude this section, x-ray diffraction is a powerful tool for determining the atomic

structure of materials, surfaces, and thin films. The weak Thompson scattering from the

-1



electrons makes the calculation and interpretation of x-ray diffraction patterns easier than
most other diffraction tools. Besides the kinematical process, another advantage is that
the x-ray diffraction measurements are an average over sample volume or surface. Very
dilute and random defects or structures in a sample will scatter weakly, and not effect the

accumulative average microscopic picture of the atomic structure.

1.2 Si;Ge;_,: Background and Motivation

Molecular beam epitaxy (MBE) is an important technique for the growth of novel thin film
materials and structures. With the MBE growth technique there is an interface between the
environment of incoming species for growth and the growing crystal film. The interface is
not in thermal equilibrium, but is instead a driven system, driven by the growth process.
The resulting film material and its structure depends on a number of growth conditions. The
substrate temperature, film thickness, vicinal (miscut angle), and flux rate are examples of
parameters which affect the resulting crystal film and therefore, need so to be understood.

Another important growth condition is the structure of the interface. The interface can
have reconstructions of surface atoms which can then affect the crystal film growth. Sili-
con and Germanium (001) surfaces, including their alloy, have the dimer (2x1) reconstruc-
tion. This reconstruction is believed to cause the growth of compositionally ordered films of
SiGe(001). Figure 1.1 pictures an example of the Si(001) surface and its reconstruction of
dimers in form of rows.

SiGe alloy films were at first assumed to be the same as the bulk solid, a completely ran-
dom solid solution of both elements with the diamond structure. Then OQurmazd and Bean
[12] among others (13, 14] found additional Bragg peaks in electron diffraction patterns of
alloy layers within Si;Ge;_./Si(001) super-lattices. Pictures of transmission electron diffrac-

tion (TED) patterns show additional peaks at (%,%,%) positions. Meaning there is some



Figure 1.1: Scanning tunneling microscopy image of example Si(001) (2x1)
reconstructed surface. Courtesy of D. Cabhill

structure with double the bulk’s cubic periodicity along the (111) directions. These weak
superstructure peaks are due to compositional correlations of the SiGe alloy. This correlation
(or ordering) of Si and Ge atoms on the diamond lattice sites has gained considerable atten-
tion, since the material’s adjustable band gap is of technological importance. The ordering
of SiGe is the focus of this section and, in Chapter 3, the experiments performed to detail
this structure.

Compositional ordering in semiconductor alloys has also been observed in other material
systems besides Si;Ge;_;. This phenomena also occurs within III-V isovalent pseudobinary
alloys, A,_.B.C. In some alloys the ordered structure is believed to be a thermodynamically
stable phase, namely the chalcopyrite structure [15]. In other systems, with the best studied
example being GagsIngsP(001), the ordering is the CuPt-type structure where the super-

structure is along (111) planes ! . Similar to what will be discussed below for Si,Ge,_.(001),

1See Ref. [16], and listed references within it, for a review of compositional order in III-V semiconductor
alloys.



the Gag5Ing;P(001) ordering is believed to be a meta-stable structure which is stabilized
by a ordering within the surface reconstruction during growth by MBE or organometallic
vapor-phase epitaxy (OMVPE) [16, 17].

The rest of this section will detail the compositional order in Si;Ge,_z. A review of the
thermodynamic and the details of the known meta-stable structure will be presented. The
growth conditions needed for ordering is also detailed, and finally, two proposed mechanism

will be described.

1.2.1 The Bulk and Thermodynamics

To understand the solids formed by the combination of silicon and germanium. as well
as other Group IV elements, one must look at the bulk thermodynamics. That is, the
free energy difference between proposed ordered or disordered structures and the separate
elements (phase separation) needs to be calculated. This energy difference can be written

out in terms as

AH = EVD(GO) + Eelect(a) + Erelaz(a) -T-o (123)

The first term describes the volume deformation energy needed to first expand and then
contract the diamond lattices for the smaller and larger species, respectively, for the combined
solid with lattice spacing ag. This elastic term is always positive because both element solids
are deformed from equilibrium. With C/Ge and Ge/Sn, this term, and possible positive
second term, cannot be overcome and results in phase separation for these compounds. The
second term is the electronic energy which can include the formation of chemical bonds and
the band structure. This term can be negative, as with SiC which forms chemical bonds,
or it can be positive. Martins and Zunger have calculated such a small positive bonding
energy for Si and Ge [18]. The third term describes the local elastic relazations, which
depends on the ordering «, with the diamond lattice. Certain ordered structures can have

large relaxation of the bonds between the different species. An example is the zinc blende
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structure and its familiar form in GaAs. This cubic structure also occurs for SiC and has
been calculated to its lowest energy phase [18, 19]. For SiGe, no bulk ordered phases have
been observed[19]. The relaxation term is also important in disordered solids, but it will
be higher than a long range ordered solid because of statistical deviations from the average
composition and structure. The last term in the energy difference equation is entropy, o.
The negative entropy term is the main reason for the existence of the bulk solid solution
formed for alloys of Si and Ge.

For SiGe the small chemical bonding contribution leaves the elastic arguments to predict
a structure. This leads to two structures; the zinc blende and the rhombohedral (labeled
RS1). In both, the structural degrees of freedom allow them to be intrinsically strain free.
All bonds are exactly tetrahedral and bond lengths can be any value. While the zinc blende is
an fcc ordered structure, the RS1 has alternating Si/Ge within the (111) double layers noted
by (...SiGe-GeSi-SiGe...). This was the initially proposed structure to explain the observed
superstructure peaks in the TED patterns [12]. Although the RS1 structure has ordering in
only one [111] direction, the (001) surface has four equivalent (111) directions and so four
rotational domains are also proposed to explain all the observed (%,%,%) peaks. As promising
as RS1 may be, calculations indicate the disorder-order transition for this structure oceurs
below room temperature, and therefore, it is kinetically unachievable (18, 20]. This is the

case for bulk SiGe where annealing for long periods have not achieved any ordered structures

[19].

1.2.2 Compositional Ordered Structures

Other structures that are consistent with the electron diffraction images are discussed next.
Another rhombohedral structure (labeled RS2) has the opposite ordering within the (111)
double layers, with a sequence of ...SiSi-GeGe-SiSi-GeGe.... This structure is shown in

Figure 1.2. Given the arguments above. this structure is energetically unfavorable due to
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Figure 1.2: The bi-layer rhombohedral structure (RS2) for the compositional
ordering of SipsGegs epitaxial thin films. The larger and smaller spheres
represent sites of higher Ge and Si compositions, respectively.



the microscopic strain between bilayers. The RS2 structure is supported by one of the
proposed mechanisms to be discussed below. Another possible structure is a cubic structure
(label MS1) which has ordering simultaneously along two (111) directions (i.e the (111),
and the (111)) which are 90° apart about the [001] axis. The stacking sequence along both
(111) directions is ...SiMGeMSiMGe... where M represents a mixed plane. This proposed
structure was based on another surface mechanism of lateral segregation with single step flow
[21]. The last structure considered is a generalized rhombohedral structure (labeled RS3)
that is parameterized to be a range of structures between RS1 and RS2. Each of the four
(111) layers has a parameter for the probability of composition. This structure’s proposed
mechanism will also be discussed.

Although all these structures are consistent with the diffraction symmetry for ordered
SizGe,_; films, only RS2 (and RS3 with parameters close to RS2) is consistent with the ez
situ x-ray structure factors. The experiment by Tischler et al. [22] on a 2800 Athick MBE
Sio.sGeo.s film on Si(001) provided the quantitative crystallographic analysis to differentiate
among the proposed structures. This provides best evidences for the bi-layer ordering of
the RS2 structure, shown in Fig. 1.2. For this sample, the degree of ordering was found
to be only 14%, while other groups have reported ordering parameters as high as 0.60 [23].
Looking to the arguments above, only the RS2 structure is thermodynamically stable, so

different origins for the compositional ordering in SiGe need to be explored next.

1.2.3 Growth Surface and Conditions.

Since bulk equilibrium thermodynamics do not agree with the observed Si,Ge,_; film struc-
ture, kinetic processes must be looked at next. The MBE growth surface is clearly the place
where kinetics are expected to enter, as the surface is far from equilibrium. A number of
experiments have indeed shown the surface to be important. First, the growth conditions

under which the ordered structure occurs is only on (001) substrates and always with lower
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than usual growth temperature (below 550°C) [12, 13, 14, 21. 22, 23. 24]. Films on (111)
substrates are found to be random solid solutions. Annealing the (001) ordered films to over
650°C has reportedly caused an irreversible transition to the disordered (or random) struc-
ture [26]. Others report the needed temperature is 800°C [25]. The authors of Ref. [26] also
found the transition temperature decreased as the stoichiometry of the films moved away
from the 50-50% composition. They proposed a kinetic “phase diagram” of the transition
as a function of stoichiometry. Another important detail that was found is the importance
of the surface reconstruction on Si;Ge;_;(001) crystal[26].

The effect of doping or covering the growth surface with surfactant type atoms (Sb)
removes the (2x1) surface reconstruction. Introducing this change is also found to destroy
the compositional ordering. In a dramatic experiment [26], a single Siy5Geg s sample made
with only half of the film thickness showing the ordering peaks by TED. Alongside it, the in
situ low energy electron diffraction (LEED) experiment showed the corresponding switch of
the surface structure during the film growth between the (2x1) and the ( 1x1). This result
for Sb doping, has also been seen in some degree for Ga, and H (low temperature gas-source
MBE) [26].

One growth condition that does not cause the ordering is epitaxial strain. The compo-
sitional ordering has been observed with growth on Si(001) substrates [21, 22, 23] and on
Ge(001) substrates (observed in our experiments and in Ref. [24]). Ordering is also observed
in films grown on graded buffer layers which are fully relaxed to provide a substrate with
the same lattice parameter as SigsGegs [26]. The strength of compositional ordering peaks
in TED and x-ray diffraction depends on the average composition of the SizGe;_,(001) alloy
films. In the study by Araki et al., the compositional ordering is a maximum at the 50%-50%
alloy composition and decreases symmetrical to both sides of this composition. As expected,
this rate of ordering decreases linearly with average alloy composition, to the minimum (no

ordering) at either 0 or 100% compositions.
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The compositional ordering has also been observed in thin films grown by chemical vapor
deposition (CVD) [22, 26]. Although, one difference is the growth temperatures (350°C).
which are higher than for MBE growth. This is related to the surface hydrogen coverage
during CVD, which decreases with higher temperatures allowing the it to form the (2x1)
surface reconstruction.

These details of the growth conditions lead to the conclusion that the SiGe ordering
results from locally stable or kinetic structures that form at the growing surface. Once this
surface process occurs, the resulting order becomes frozen into the resulting film in the form

of the observed meta-stable RS2 (and RS3) structure.

1.2.4 Proposed Mechanisms

To understand the process in forming the Si,Ge,_(001) ordered structure, a number of
theories have been proposed which involve the growth process on the dimer reconstructed
surface. I will discuss two proposed mechanisms for the ordering; one by LeGoues et al. [26],
and the other by Jesson et al. [27].

The mechanism proposed by LeGoues et al. is based on a direct Monte Carlo simulation
of the segregation at the Sig5Geg5(001) (2x1) surface previously carried out by Kelires and
Tersoff [28]: Ge segregates to the surface because of its lower free surface chemical energy
and drives an oscillation of composition in the alloy within the first four layers below the
(2x1) reconstructed surface. This equilibrium structure can be understood in terms of local
strain associated with the reconstruction, which is known to cause stresses down to at least
six layers below the surface [29, 30, 31, 32]. In the layers below the surface of the alloy, Ge
and Si atoms tend to migrate to sites of tensile and compressive stress, respectively. These
different sites under the dimers are shown in Figure 1.3(a). This sub-surface ordering can
be understood using the simple argument that the smaller Si atoms find the “smaller” sites

(under compression) and the larger Ge atoms find the “larger” sites (under tension). The
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Figure 1.3: Model of LeGoues et al. [26]. (a) The equilibrium structure cal-
culated by Kelires and Tersoff shown in cross section of the Sig.5Geg.5(001)
(2x1) surface, project on a (110) plane. Surface dimers are at the top. The
larger open circles correspond to sites under tensile strain, favoring Ge oc-
cupancy. The solid circles denote sites under compressive stress, favoring Si.
(Dimer sites are favored by surface free energy of Ge.) Grey circles denote sites
with little preference for Si or Ge. (b) Proposed mechanism after double layer
growth where fifth and sixth layers are assumed immobile, and such ordering
is due to kinetics (past history), rather than actual stress or any equilibrium
preference.
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growth ordering mechanism occurs by this local equilibrium forming on (2x1) reconstructed
terraces.

Kelires and Tersoff were able to calculate the temperature dependence of this near surface
equilibrium order [28]. The ordering decays strongly with temperature, with the maximum at
T =0, but the order parameters are still about 15-5% for the growth temperatures typically
used. The subsequent model for the film structure consists of double-height steps propagating
across the surface. The ordering becomes frozen in the sixth and fifth layers, while newer
layers order to a (2x1) once again, as shown in Fig. 1.3(b). The stacking sequence for the
(111) ordering is maintained by the bilayer steps and the energy cost to forming stacking
faults in the compositional ordering. Bilayer steps are reported to be predominant for Si(001)
under similar growth conditions [33], and the calculated stacking fault energy of 80 meV per
dimer [26] is large considering an entire (2x1) surface domain must switch dimer pairs for
the fault to occur.

The other mechanism, proposed by Jesson et al., is a kinetic process that occurs specif-
ically at a double-step kink as it moves across the (2x1) surface, thus growing the crystal
film. Figure 1.4(a) shows the top view of a kink on the preferred Dy bilaver step. (The Dg
denotes the orientation of the (2x1) dimers to the double step.) The model first assumes the
surface is covered by segregated Ge. Then, a Si adatom (in response to the Ge-rich surface)
finds the preferred kink site, labeled C in the cross-section view, Figure 1.4(b). While this Si
atom may exchange with the Ge atom below (site G), both sites have dangling bonds and
therefore have no strong driving force for Ge segregation. Next, another Si adatom arriving
from the source finds the next preferred site D. In this case, the Si and lower Ge (site H)
do exchange because of the different bonding from the (2x1) dimer. This process has been
labeled by Jesson et al. as a Ge atom “pump” mechanism [34). Finally, the second layer of
the double step grows over this, again with the assumed Ge-rich surface. With growth of

the next double step and kink, flowing in the same direction, the stacking sequence is also
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Figure 1.4: Growth-induced compositional ordering by kink flow growth of
double steps. In (a) the kink is shown in plan view, the largest circles denoting
the topmost atoms, and {b) to (e) show in cross section how the edge atoms
(C to F) order during growth. The four projected compositions a,f and v, 0
correspond to specific Ge-rich and Si-rich, respectively, (111) planes defined by
key in (g), which is the [110] projection of RS3 structure. Mechanism proposed

and figure by Jesson et al. [27]
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correct for (111) ordering.

According to this mechanism, the ordering is a kinetic process from the step flow and
asymmetrical segregation with the (2x1) reconstruction. If one assigns probabilities to the
segregation and Ge pump mechanisms, the model gives probabilities for each of the four
sites, and then to the four (111) layers. This is how Jesson et al. came to the structure
RS3 with four parameters of composition. Their x-ray structure factor analysis (Ref. [22])
could determine a 1% relative difference between similar bilayers, i.e. 1% difference to the
RS2 structure. Their other evidence for the RS3 structure was the presences of additional
Bragg peaks other than the (3,3,3) type, which break the symmetry of the equal composition
bi-lavers of RS2 structure. Yet, these peaks are very weak.

Other indirect evidence to differentiate the two mechanisms or to elaborate a new one
is not conclusive. Jesson et al. claim local vicinal surfaces on coherent islands from the 3D
or Stranski-Krastanov growth mode [35] are required for long-range ordered domains. They
argue it is for the stacking sequence to be maintained within domains where double step
kinks grow in the same direction. This is not the case for layer-by-layer growth where steps
and kinks flow in all directions as each layer is formed. Although the 3D growth mode may
be true for Sig5Geqs grown on lattice mismatched Si(001), ordered films with large domains
have been observed on graded buffer layers, where the unstrained film is thought to have a
layer-by-layer growth mode (36, 37], and is thus claimed to support the mechanism proposed
by LeGoues et al.

To conclude, the ordering mechanism observed in Si;Ge;_,(001) films is clearly not re-
lated to bulk thermodynamics, but to the surface properties during growth. Two mechanisms
have been proposed for the residual compositional ordering, but both are based, so far, on
indirect evidence. In Chapter 3, I will discuss my experiments for direct evidence of compo-

sitional ordering at the surface.
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Chapter 2

Experimental Methods

2.1 Introduction

Surface x-ray diffraction represents a subset of the general techniques of x-ray diffraction and
can, therefore, be done with a typical three or four circle diffractometer. But preparing and
maintaining a surface structure to analyze in usual ambient laboratory conditions severely
limits the experiments possible on surfaces. Another limitation is the small intensities for the
diffraction from one to several monolayers of atoms, thus requiring the use other x-ray sources
beyond conventional fixed anode generators. This chapter will present the specifics of our
new surface diffractometer and vacuum chamber. Besides the operation of the instrument,
the next section discusses the diffractometer’s alignment, an important procedure. This also
helps to detail the particular design of the x-ray optics and diffractometer. The last section
presents the calculation for the integrated intensity of surface diffraction from this particular
instrument. The resulting Lorentz factor and the presented polarization factor are used to
convert measurements to structure factors, the quantity for determining of the surface atomic

structure.



2.2 Surface X-ray Diffractometer

In this section, the general description of new apparatus for surface x-ray diffraction exper-
iments will be presented, as well as its particular advantages. The general purpose of the
diffractometer is to accurately align a sample in the x-ray beam and position the detector to
the angle of the surface weak scattering intensity. This true for all diffractometers, but for
surface experiments the environment of a ultra-high vacuum (UHV) chamber is also needed.
[n our design, the diffractometer motions are coupled to the sample within the UHV cham-
ber through a bellows and rotatable Teflon sealed flange. The x-rays enter and leave the
UHV chamber though a large Beryllium metal window, which gives 180° view of the sample.
The sample is mounted so the angle of incidence and exit are small and therefore the direc-
tion of momentum transfer is near the plane of the surface (the direction of interest). The
diffractometer has an additional motion to the detector, called -y, which is perpendicular to
the 260 motion. The 26 angle is usually renamed § so it is not confused with 26g, the full
Bragg scattering angle which is then compound angle from these two motions. The out-of-
plane motion 7 allows larger range of access to momentum space with the limited motions of
the sample within the chamber. The UHV chamber is also equipped with standard surface
preparation and characterization tools such as an ion gun for sputter etch and a cylindrical
mirror Auger spectrometer. In the future, it will be equipped with a sample heater, enabling
typical science surface preparation techniques.

The most important advantage of this equipment is its connection to the Epi Center
vacuum transfer system. The x-ray chamber is stationed at one end of the Epi Center’s four
UHV transfer tubes, which are interconnected at the center. Figure 2.2 is a sketch of the floor
plan of the Epi Center. The system allows samples to be prepared in one of seven molecular
beam epitaxy (MBE) chambers and then transferred under UHV to the x-ray chamber for

analysis. Besides our surface x-ray station, there are analysis stations for scanning tunneling
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Figure 2.1: Photograph of x-ray diffractometer and UHV analysis chamber. To
the left is the beam path and detector at scattering angles v and § (or called
20). To the right is the rotating anode and monochromator, with its monitor
detector and shielding beam paths. In the center is the UHV chamber and its
Beryllium x-ray window.

microscopy (STM), and x-ray photoemission spectroscopy (XPS or ESCA). The Epi Center
x-ray source is a 18kW rotating anode generator. Although a synchrotron source can provide
surface scattering signals 10 to 100 times larger, the Epi Center provides an advantage in
being able to analyze sample, in situ, of greater complexity or composed of uncommon
materials, grown in one of the many MBE chambers.

Another advantage of this diffractometer is the design of the x-ray optics. In order to
increase the incident x-ray intensity, a curved highly-oriented pyrolytic graphite (HOPG)
monochromator crystal is used. This focuses more of the x-rays from the generator to a
point on the sample surface. Although the focusing causes a large angular divergence, re-
sulting in lower resolution, this divergence is directed perpendicular to the surface. The 0.3°
mosaic of the graphite crystal then determines the in-plane divergence. The diffractometer
is also equipped with a 1D position sensitive detector. This has a large angular acceptance
perpendicular to sample surface and narrow acceptance in the plane of the surface. The

combination of monochromator and detector gives reasonable in-plane resolution, while the
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Figure 2.2: Floor sketch of the Epi Center. A collaborative laboratory for

research of molecular beam epitaxy.
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Figure 2.3: Idealized sketch of the components and relative geometry of the
surface x-ray diffractometer.

large out-plane divergences allows integration along the surface normal direction, i.e. along
the crystal truncation and surface reconstruction rods. In section 2.4 below, this resolution
function is calculated in detail to account for the changes it makes as the scattering angles
change. Figure 2.3 shows a sketch of the x-ray optics design and a typical surface diffrac-
tion condition. This design helps overcome the low intensities when using a rotating anode
source, while sacrificing resolution. Measurements on a Ge(001) surface have seen up to 100
counts per second from (2x1) reconstruction rods. The instrument is also equipped with a
scintillation x-ray detector, which provides finer energy resolution then position-sensitive gas
proportional detector.

One of the particulars in the design of the analysis chamber is the bellows and rotatable
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Teflon sealed flange for the sample rotations. This design is common mechanical feedthrough
for the motion of a surface diffractometer [40]. Besides the main sample rotation, §, the
bellows allow the tilting of the sample, by the rotations x and ¢. The commercially manu-
factured x and ¢ arc segment stack is constructed with the center of rotations at 170 mm
above its top mounting surface. Ideally this is where the sample surface would be. But for
more space, the sample position was design at 15 mm above that (185 mm total). The space
is need for electrical and/or mechanical feedthrough flanges attached to the already very
compact sample holder and rotatable seal flange assembly. This distance, d = 15 mm, causes
the displacement of the sample from the diffractometer’s axis with rotation of x or ¢. Re-
turning the sample to the position where its surface intersects the axis at the same height

can be made by the zy-translation stage underneath the arc segment stack using the formula

Az =d-tan(x/2)

Ay =d-tan(¢/2) . (2.1)

These translations can be incorporated into the diffraction control program, Super. A sample
surface is generally translationally invariant, and no problems or systematic errors have been
seen from ignoring these displacements and so they were omitted in these experiments.

As mentioned before the diffractometer includes an additional out-of-plane detector rota-
tion 7. This motion, first suggest by Vlieg et al.[38], is exactly the same in the 6-circle surface
diffractometer built by Abernathy and Mochrie (MIT)[39, 41]. The six angles to reciprocal
space calculation used by these groups was programmed in our control program Super. This
allows the operator to specify the (hkl) coordinates and two additional constraints for the
computer to uniquely calculate, and then control the motion of the instrument to the corre-
sponding five angles. The two additional constraints are usually; 1) fixing the incident angle
of x-ray beam to the sample surface and 2) having the diffraction rod align to the vertical

divergence of the monochromator. Physically, the last condition means that the surface nor-
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mal is held in the vertical plane parallel to this divergence. so that the 2-D diffraction rod is
excited simultaneously along its length. The last detail is «, the floor rotation angle for the
6-circle diffractometers mentioned above, is not present for our instrument. Thus it is the
last constraint for the full six angle calculation that a is always zero.

Another point for operation of the diffractometer is problems with very small incident
and exit angles which are close to beam divergences. This problem at very small angles
corresponds to part of the beam having a negative incident angle or part of the detector’s
acceptance having a negative exit angle from the sample surface. These parts of the beam
are strongly attenuated or blocked by the bulk sample crystal or the 3 inch diameter sample
holder (the molybdenum puck). This decrease in the diffracted intensity could be corrected
for. but its sensitivity to the mis-alignment of beam height (to be discussed further in the
next section) makes it difficult to remove such systematic errors. In general, measurement of

intensities are not used in these very grazing angle cases.

2.3 Diffractometer Alignment

This section provides a description of how our diffractometer instrument is aligned. The
alignment of any diffractometer is important for reliable measurements without systematic
errors. The Epi Center’s diffractometer is particularly difficult to align because; 1) the curved
HOPG monochromator reflects a wide vertically diverging beam and 2) the UHV chamber
does not allow one to directly measure the focused incident x-ray beam at the sample position.
Another important procedure is accurately centering the beam to the sample’s height. This
is important because of the relative low angle of incidence for the x-ray beam to the sample.
For example, a 10 x 10 mm square sample titled at an incidence angle of 3.5°means the
sample cross-section to the focused 1.5 mm tall incident beam is only 0.61 mm. And finally,

the focal spot of the monochromator should be at the sample position for maximum signal.



The first step in the alignment of the diffractometer is to align the monochromator’s 4
angle and reflect the Cu K, (and not Kjz) x-rays from the rotating Cu anode generator.
WARNING!! Even at the lowest generator power, the full graphite crystal col-
lects and focuses enough x-rays to immediately damage the position sensitive
detector (PSD) and possibly scintillation detectors. Many metal foil filters must
be used protect the detector from the direct beam. Once there is a beam, it must be
centered at the sample height and be perpendicular to and intersect with the vertical axis of
the diffractometer. To accomplish the first two requirements, the surveyor’s telescope is set
to the sample height, which was designed and measured at assembly to be 185 mm vertical
above the face of the ¢ and x arc segment stack. The leveled telescope is then used to set
the heights of the anode source, the monochromator, the vertical slit of the monochromator
and detector. The goal is to get the x-ray beam from the source, to the monochromator, and
to the detector all within the horizontal plane at the sample height. The reflection from the
monochromator is then adjusted by its angle x to direct the beam to the detector defined
by its slits. With the full monochromator giving a wide vertical beam, the detector will be
very insensitive to this adjustment. If the vertical slit directly in front of the monochromator
(known to the program as MCR-vert slits) is closed to &~ 2 mm, this restricts the reflection
to only a well defined central beam. Figure 2.4 sketches the beam alignment to the sample
height and the defined beam from the MCR-Vert slits. Once this y angle adjustment is made,
additional adjustment of @ reflection angle may be needed.

Once the incident x-ray beam is maximized and adjusted to the sample height’s hori-
zontal plane, the beam must intersect the diffractometer axis. With most diffractometers,
this can be accomplished by using lead foil with a pin-hole, which is centered on the axes
and then, the beam adjusted to pass through the pin-hole. This is not possible with our
diffractometer, because of the sample position inside the UHV chamber. Instead, we use a

lead pin-hole outside the chamber, attached by the magnetic optical stand to the diffrac-

[EV]
-1



focusing

MCR | slits &
MCR—vert detector

<—ray = siifs sample .
source pos”’ion :
e e —

Figure 2.4: Sketch of horizontal view of monochromator’s focusing x-ray optics
and use of vertical slits “MCR-vert” for alignment of beam height with detector
measurement

tometer, to measure beam’s position on both sides as it enters and exits of the chamber.
The beam will intersect the center once the beam on both sides is separated by exactly 180°.
The x-ray beam can be translated by the micrometer at the base of the monochromator
stage and beam-path assembly. This sliding stage pivots under the source position, allowing
the monochromator reflection angles to be unchanged. For a large translation, the different
collection angle from the anode source can either change the source’s collected cross section
making the beam’s horizontal width larger or smaller, or change the collected x-ray intensity
because of absorption at grazing angles through the anode.

The last adjustment for the incident beam is the focal spot. The position along the beam
where it focuses to its smallest size should be the positioned at the center of the UHV
chamber, i.e. the sample position. The beam focal distance can be measured when the UHV
chamber is opened, usually by photographs of the beam along its length ! . The whole source
and monochromator stand can be moved to get the focal point to the sample position. This
finishes the alignment of the incident x-ray beam, but repeating the process (except the

last step) is usually done making finer adjustments and corrections that couple from other

!'This distance and photographs are documented in the diffractometer’s notebook. This measurement is
also done by moving the whole generator stand or removing the UHV chamber from the path of the beam
reflected by the monochromator



adjustments. Finally, the zeroes of the scattering angles 28 (or called §) and ~ are set to the
incident beam. The zeroes of 26 and 7 should be checked reguiarly (such as. before each new
sample is transferred into the x-ray UHV chamber). This is done to check for an errors in
the motor control or lost stepping pulses to 26 and 7. The rest of the alignment has been
found to be stable. For any changes, such as removing the monochromator slits for the UHV
chamber bake-out, it is wise to repeat the whole alignment process.

An alternative or additional adjustment is to use diffraction from a small sample crystal.
While measuring the total diffracted intensity, the monochromator’s X angle can be finely
adjusted for the incident x-ray beam to fully hit the sample. The smaller the sample crystal
and incidence angle. the more sensitive the adjustment is. The difficulty is assuring that the
total diffracted intensity is measured during this maximization. This means using the MCR-
vert slits closed down to 2 mm and the detector slits fully opened. An additional technique
is to use a reflection which is close to the surface. The ideal reflection would be at v a few
degrees positive. This type of reflection makes the scattering plane nearly perpendicular to
the adjustment of the incident beam (by the monochromators X), thus making the change
a rotation about ¢; and thus maintaining the reflection condition. So, using a (111) Bragg
peak from a silicon [001] substrate is not a good choice because of the large v angle, and yet
the surface reflections (220) or (400) are also difficult because the substrate being mounted
to a molybdenum holder. The alternatives are using higher order reflections with smaller
v angle such as (511), or using a different crystal, such as sapphire, with more near-plane

Bragg peaks.



2.4 Integrated Intensity Calculation

2.4.1 Introduction

In an scattering measurement, the measured quantity, usually x-ray photons counted per
unit of time, has to be directly transformed into the quantity, structure factors, in order to
solving the structure of interest in the experiment. The scattered intensity field is the typically
derived quantity in the equation for light waves. But the x-ray intensity is not as directly
measurable as one wishes because of four main experimental reasons. First, an intensity has
the units of energy per unit of area per unit of time. An x-ray detector has a finite area
which integrates a region of phase space for the scattered x-rays. While the detector area is
usually constant for each experiment, its collecting volume of phase space changes with its
position of scattering angle. For surface diffraction where the intensity is continuous along
rods in reciprocal space, the detector area can also vary in its cross section of along this rod,
thus changing the integrated intensity. The second experimental complication is the incident
x-ray radiation, which is not an ideal plane wave, limited to one incident direction (i.e. an
infinitesimally small volume in phase space for the incident x-rays). Instead, all the x-rays in
a distribution of directions incident on the sample can be scattered and then measured by the
detector. The third complication is that the detector has a limited energy discrimination and
integrates over a spectrum of x-rays, from the elastic to the inelastic x-rays. This problem
is usually resolved by measuring the broad diffuse inelastic scattering as background, which
is then subtracted from the elastic diffraction peak. The four experimental complication
relates to the mosaics of real crystals, which can also pose difficulties in measurement of
X-ray intensities.

In the simplest of experimental cases, the measured intensity of a single point in recipro-
cal space should be directly proportional to the square of the intrinsic structure factor of the

crystal. In most cases, though, the experimental complications/constraints described above,
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combine to make the measure intensity dependent on the constraints instead of on the intrin-
sic structure factors of the crystal. The remedy of this problem lies in another integration.
For each peak, the sample is rotated and the x-ray intensity is measured to give what is
usually the integrated intensity. In a conventional three-dimensional crystal measurement,
the result is independent of the detector acceptance area or the incident beam convergence,
and is therefore an absolute measurement[1]. The similar measurement for a two dimensional
lattice (such as a monolayer or surface reconstructed crystal) can be made, except it does not
remove all experimental dependencies. What is left is one complex factor (later called the
Lorentz factor) which depends on the length or cross-section of the diffracted rod integrated.

In the following sections, the analytical calculation for the integrated intensity for diffrac-
tion from a two dimensional lattice will be presented. It begins with diffraction intensity and
the initial integration equation, setup similar to Warren [1] and Robinson [5], but will include
the additional integrations for the incident beam convergence. This is needed because of the
graphite focusing monochromator used in diffractometer. Also presented are the details for
the reciprocal space coordinates and change of variable calculations needed to easily perform

the integrations. Last will be the resulting formula and discussion of its importance and use.

2.4.2 Integrated Intensity

We begin the calculation for the integrated intensity for the Epi Center’s diffractometer with

the equation for the diffraction intensity from an ideal 2-D lattice,

2

I(ks k) = I(K) (ﬁ) IF(D) S1(@) - Sa(@), (2.2)

where [, is the incident x-ray intensity with wavevector k;. Next in this equation is the

electron cross section and the unit cell structure factor F(q), the focus of interest, where

-

T=kf—Fk; . (2.3)
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The final terms are in the form of a product of Laue functions (also called slit functions from

optical diffraction),
sin® (%N,—c'ii . (j‘)
sin” (44 - §)

which are the diffraction functions from a 2-D finite crystal with a unit cell defined by d@; and

Si(q) = (2.4)

ds, and the N’s representing the crystal size in the number of unit cells along those respective
directions(5]. As said before, this represents the ideal intensity field scattering from an ideal
crystal with an ideal incident plane wave of x-rays.

Next, is to describe the real measurement of this intensity. The calculation is for the inte-
grated intensity for a particular peak in reciprocal space. The detector has slits and/or optics
which determine the area over which the intensity is measured. The sample is also rotated
by the angle 6 at a constant rate in time with angular velocity w during the measurement,
giving

E@ = / dAdtI(k; B) = / Rdadf® I(E,. k) (2.5)

peak peak w
The variables o and 3 are the solid angles of the detector area. at the distance R from
the sample. But this usual starting equation does not include the convergence of the inci-
dent beam. This means the incident intensity, Io(la) is a distribution where the total power

incident on the sample is
P, = // dndpT(n,p) L, . (2.6)

In this integration, n and p are the angles subtended at the sample from the monochromator
representing the convergent incident x-ray beam. The width of the distribution, in terms of
solid angles n and p, is represented by the transmission function T'(n,p) . Combining the
incident beam distribution, which is also integrated by the measurement, with Eq. 2.5 and

using a similar transmission function D(a, ) for the detector angular widths, gives

2 — -
E@) = [ dadsdsdndpT(n, p)D(c, )Ry, F). (2.7)



This equation is the fully generalized starting point for the integration of the incident beam
distribution angles, the exit beam distribution angles, and the sample rotation angle. These
five angles represent the total integrations perform when making an integrated intensity
measurement.

The construction of the equation is also represented by Fig. 2.5 which shows the variables
a and 3 are the solid angles of the detector area, and n and p are the solid angles from the
monochromator. These angles are relative to the centered final and incident wavevectors,
respectively. The geometry or direction of the detector’s solid angles (and volume in momen-
tum space) are dependent on the scattering angles § and 7 which also determine the peak
measured in momentum space, ¢. The width of angular acceptance of the detector is deter-
mine by the function D(a, 3) and respectively the same is done by T'(7, p) for the incident
angles. The form of these functions can be step-like windows, like the physical dimensions
of the slits used, but here I will follow calculation by Schamper et al.[42] and use Gaussian
functions. This better represents the beam profile in some cases, but more importantly, it
also makes the calculation tractable because the integrations with variables of an Gaussian
gives another Gaussian. The change in accuracy is negligible and more importantly, it does

not change the dependence of the volume integrated on the scattering angles ¢ and 7.

2.4.3 Integrations

Assuming this Gaussian form, the equation to be calculated is

2
E(d) = % / dadBdndpdfe 12’010 o= M =P IP* [(E K., (2.8)

where the width of the detector acceptances are a and b, which are along the scattering angles
§ and ~, respectively. The width of the incident beam convergence, n and p, are along the
perpendicular direction to the beam, £, and Z,. With the incident beam direction along 7,

this describes the orthonormal coordinate system in the laboratory frame, as shown in Fig.
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Figure 2.5: Figure of real space divergence and acceptance angles used as vari-
ables in the calculation of the integrated intensity. Also shown is an example
volume of integration at the end of the vector q.

2.6. This is also the starting coordinate system describing the diffractometer motions (see
Ref. [41] and [39] for complete details of diffractometer angle calculations used). Similarly
the detector position describes another coordinate system where the final wavevector is along
the direction §; and the acceptance widths along £ 7+ 5. The last variable of integration is
8, a rotation about the axis along 2;.

The dependence of the wavevectors Ef and k; on the five angles of integration is only
a change in their directions. This means the additions of small perpendicular vectors along
components £ and/or Z in their respective frames. For example, the angle o adds the vector
|k|sin(a)Z; to Ef. But with the angle being small, the approximation sina ~ « is used.

Similarly for all five angles, the full dependencies are

)

k2 + |k + |klpz, — |kI6Z, (2.9)

ko
I

k3 + |k|azy + |k|B2; — |k|6 cos(y)z;. (2.10)

Lol
-
I
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Figure 2.6: Figure of the three different orthogonal coordinate frames used in
the calculation. All are related by rotation matrices.



The 6 motion really changes the sample position, not the incident and final wavevectors.
but in momentum space the effect is the same with respect to the diffraction peak. The

momentum transfer is then
G =k — k? + |kl [a; + B2; — niy — piy, — 0 (cos(v)E + £)] (2.11)

=G +Aq. (2.12)

Next, it is assumed that the structure factor is slowly changing function over the volume of

integration so that it can be removed from the integrand, as
IF(@F ~ [F(@)I* . (2.13)
Another simplification is for the Laue functions which are maximum at §, so that
Si( + Aq) = Si(Aq) . (2.14)

(This equality is proven in Warren [1].) The completed equation, with all the substitutions

of equations above, is then

. 2 2 L L, R?
B@) = L( ) F@rE

x / do dB dn dp df e~ /% =510 = /7 =% IP* 5 (AQ)Sa(AG)  (2.15)

with

Aq = |k|[edf + 82y — nEL ~ pzp — 0 (cos(v)E; — )] . (2.16)

This set of Gaussian integrals are easy to evaluate, except for the functions S;(A§) which
are also peaked at Ag = 0. This leads to the next step of the calculation: changing the
variables of integration from real space angles to momentum space. The best directions in
momentum space to choose are ones that simplify the functions S;(A¢g). These functions are
only dependent on Ag-d;, where @’s are the vectors in the plane of surface. The surface vectors

combine to define another orthogonal coordinate system, z,, Us in the surface plane and 3
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is defined as being along the surface normal 7, also shown in Fig. 2.6. The angle between @,
and Z (or a rotation about the Z, axis) is not important. The typical sample configuration
is with the surface normal along the yz-plane in the lab coordinates. As discussed above
in section 2.2 and in Ref. [41], this configuration brings the continuous intensity along the
surface diffraction rods in close alignment to the divergence of the incident x-ray beam.
Alternatively, the experimental condition could be for the surface normal to lie in the plane
of the detector, aligned to the large acceptance of the position sensitive detector along the
v diffractometer motion. Then the best angles to describe the sample surface coordinate
system’s relation to the laboratory coordinate system are o, the tilt angle from the z-axis,
and v, the angle in the surface plane determining the direction of the tilting 2 . The coordinate
transformation is exactly the same as that used between the lab (the incident beam) frame
and the final x-ray beam at angles, J and v. The transformation matrix is the angle ¢ is

cosd —sind 0
A= sind coséd 0 |- (2.17)

0 0 1

The matrix for v rotation about the z-axis is
1 0 0
'=10 cos, v —sinvy |- (2.18)
0 siny) cosvy

The final wavevector in the lab frame using the transformations are

ry Tope & TL

ki — k§ — k. (2.19)
For surface normal the transformations are similarly

A% 2y av Ny Rl (2.20)

2The diffractometer control program Super, uses different angles to describe the sample surface orientation.
The usual reciprocal space to angles calculation mode is with the surface normal held within the lab frames
yz-plane and to fix the incident angle, calledbeta. This corresponds to o = beta and v = 0. See Ref. [41] for
more details of this different surface orientation description.
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Then, returning to Eq. 2.16 and using the rotation matrices to write out Ag'in the lab frame
for the unit vectors
Ty = AL
zr=Alg
giving the result
[ acos(d)+ B sin(d) sin(v) —p+8(1—cos(d) cos(v))
Agt = |k asin(d) — 3 cos(d) sin(y) — @ sin(d) cos( ) : (2.21)

Beos(v)—n

To describe this same vector in the coordinate frame of the sample surface, we use the inverse

transformation
AF® = (ND)hAgh (2.22)
where
cos(v) sin(v) 0
(NE)™' = | —cos(o)sin(v) cos(o)cos(v) sin(c) | - (2.23)
sin(o)sin(v) —sin(o) cos(v) cos(c)

This further mixes the variables in linear combinations with trigonometric coefficients from
the scattering angles and the relative angles of the sample surface. Now the z and y compo-
nents of Ag* are the variables we use as the new integration variables. The corresponding
angle variables to switch with are chosen to be § and a. Then solving for these in term of

the new integration variables Ag;, Ag,, 3, 7, and p

a=A8+Bn+Cp+ DAq, + E Ag, (2.24)
and

8 =FB8+Gn+p+ HAq, + I Ag,. (2.25)

The full trigonometric expressions for the new coefficients A through I will be displayed

later. as only a few are needed in the end. Besides substituting for o and 6 in Equation. 2.15,
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the Jacobian is needed

da 06
0(Ag:) d(Aqgy)

| Ay d(Agz)d(Ag,)
d(Ag:)d(Agy) = cos(o) sin(8)|k[*

dadf = J,

The result for Eq. 2.15 substituting Equations 2.26 and 2.24 is

E@) = (=S 2IF(")|2R2 L
) = fe\marz) Tl S o) sm(a) kP
X / d(Ag.) d(Agy) dB dndp e~ (AB8+Bn+Co+D Agz+E Agy)? /e

x e~F /¥ =102 =%/0° G (AG) S, (AQ). (2.27)

The Laue functions S;(A4§) can now be separated because they are now only dependent on
the r and y components within the surface coordinates. The integrated intensity can be

re-written as

) I, e \2 . 1
E(g) = :(mcg) lF(q")l2cos(a’)sin(ls)lkl2

x [ [ d(ag.) d(Ag,) S1(3gz, Agy)S2(Ags, Agy)

/ / / dO dndp e~ A8+ BIHCo+ DG+ BNy /0% =87/ =17 02 o=p2/0® (9 9g)

Now the Gaussian integrals in the angle variables can be performed simply by repeated use

of this formula for

/dxe—rz/uze—(ﬁy)z/v2 - Me‘*ﬁ;@. (2.29)

\ /u2 + 'U2
which results in
// dB dndpe=(A8+Bn+Cp+DAg:+EAqy)?[a? ,—B2/6 j—n*[n® o—p*/p* _

(7)32abnp ox —(D Agz + E Agy)?
V@Z+ LR+ B £ O P \a? + A% + BPn? 1 Ccp? )’

(2.30)

Now the final integration of the reciprocal space variables, Ag, and Agy, can be solved
analytically with the last Gaussian function. This final integration that is not needed be-

cause one can use the general experimental requirement that the detector slits are at least
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wide enough to fully integrate the peak. In the formulas above, this means the final Gaus-
sian width is experimentally required to be larger that the peak width determined by the
functions, Sy and S,. This is strictly the same condition followed by Warren [1] to obtain the
equivalent three-dimensional integrated intensity for Bragg peaks. If this where not the case.
the resulting integrated intensity would be extrinsically determined by this relationship of
relative widths of the peak versus the detector’s integration width. More importantly, the
experimental measurement would not be robust to slight mis-alignments which could miss
the peak maximum and sample different portions of the x-ray intensity, giving results largely
dependent on the area of integration through the peak.

With that said, the final Gaussian of Eq. 2.30 is approximated to be unity over the area

of the last integrand. The equation for the 2-D integrated intensity then becomes

- Iy [ e \? -2 1 (7)*%abnp
= 2( =\ F
E(%) ( ) |£(30)] cos(a) sin(d)|k|? vaZ + AZ6Z + BZn? + C2p?

w \mc?
x [ [ d(3g2) d(Ag)S1(Age, Ag,)Sa(Aaz, Ag). (2.31)

Another change of variables is made for the specific reciprocal space vectors, as given by the

Laue conditions,

Aq -dy =2rh, and AG - d, = 27k (2.32)
(2m)?
d(Aqz) d(Aq,) = ———dhdk 2.33
and then,
Sin2 (N17rh) sin2 (1V27l'k) Atotal
dh dk - =N|Nyg = ———— 2.34
/ sin® (wh)  sin? (rk) iz @y x @]’ (2.34)

where ;0101 is the total surface area illuminated by the scattering measurement.
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2.4.4 Results

Combining this last integration and another simplification for the unit cell area, |@, X d»| =

Ocelt ; We have the final solution,

(2.35)

£l = & () B gy ) e ety
PT0\md) "o, T cos(o)sin(d) Va? ¥ A % BRE T O
This equation includes another factor ignored until now, P(4, ), which accounts for the

polarization which is an effect from the monochromator Bragg angle 20,, and the sample’s

scattering angle,

P(6.) = (cos(7) + sin(7) sin(8) cos(204r))? + (cos(d) cos(20,/))? .

5 (2.36)

This expression is just a generalization of the standard expression in Int. Table for Crystal-
lography (3] with the addition of the out-of-plane component from the scattering angle ~.

Finally, the trigonometric coefficients in the last term of Eq. 2.35 are

cos(d) sin(~y)

4 = cos(v)B + Sin(0) (2.37)
_ —sin(o) . - .

B = cos(o) sin(®) [sin(v)gz — cos(v)gy] (2.38)

C = cos(v) (2.39)

gz = sin(d) cos(y) (2.40)

gy = 1 — cos(d)cos(y). (2.41)

2.4.5 Discussion

For comparison, consider the case where the surface normal is held along the z-axis (o =0
and v = 0) and the out-of-plane scattering angle, v is zero. The trigonometric coeflicients

become, C =1, B =0, and 4 = 0, which gives for Equation 2.35

. )2 IF((Z’)IZ ’\2‘4total (7‘.)3/2bnp
a?ell sin(d) v1+ ;L ‘
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This gives the usual Lorentz factor 1/ sin(é) (where § = 26). But. the beam angular widths
come from the incident beam normalization of mnp (which is just the integration of the
incident power, Eq. 2.6.) and the effective integration width along the crystal truncation or
reconstruction rod of /7 b. Also, the large detector acceptance, as discussed above, means
p < a and the square root denominator is a small fixed factor which can be ignored 3 .
Compared with Robinson’s [5] result, the integrated intensity (equation [10]) is exactly the

same with

Vb= %AQ;; (2.43)

where AQ3 is the portion of the diffracted rod accepted by the detector silt in reciprocal
space.

The final integrated intensity calculated in Eq. 2.35 has a complicated Lorentz factor,
which is the geometrical sum of various integration widths along the diffracted rod. which

change with the sample orientation and the scattering angles.

L 1 (7)32abnp 5
£0.7) = cos(o) sin(d) /a? + AZ62 + BZn? + C2p? (2:44)

Figure 2.7 is an example plot of the value of this new Lorentz factor used for three surface
reconstruction rods of Ge(001) (2x1). In Eq. 2.35, the parameters for angular widths in
radians are half the full width of the slits divided by the beam path length. For the example
figure, the beam parameters are listed in Table 2.1 and the sample’s surface normal orienta-
tion is with o = 3.5°and v = 0. These are the typical parameters used in the experiments of
chapter 3. Also shown in Figure 2.8 is another example plot of the polarization factor for the
same diffraction rods. Here there is only one parameter, the monochromator’s 20, angle,
while the scattering angles v ranges from zero to 30° and 4 ranges about 10° to 60° for the

lowest to highest indexed rod, respectively.

3This denominator is the correlation between the in-plane monochromator’s divergence and the detector’s
acceptance as represented by the Gaussians. This term is similar to the result the last integration, if we did
not ignored earlier before Eq. 2.31
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Figure 2.7: The integrated intensity’s Lorentz factor as plotted along three
different Ge(001) (2x 1) surface diffraction rods. The perpendicular momentum
transfer, L, is in the reciprocal lattice units for Ge(001).
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Finally, to transform the measured data set of integrated intensities to the values for the

structure factors (which are then used to model the crystal structure), we then invert Eq.

|F(@)| _ [ - S -
Eoraal R 7 (2:43)
Here all the constants, such as the electron cross section, wavelength, and incident intensity
are grouped in the arbitrary scaling constant S. The total area Ay, also changes because
the beam profiles across the surface change with in-plane scattering angle 4. This factor has
been worked out before by Vlieg and Robinson [5]. For each data point in reciprocal space
with its corresponding angles of § and v, Eq. 2.45 is used. The various beam widths a, b, n,
and p are then parameters to this data set transformation.

This Lorentz and polarization factor formula have been included in our data reduction
program peak. The exit and incident beam divergences, and the monochromator 20, angle
are menu parameters within program in units of degrees. Similarly, there are menu parame-
ters for the sample area correction factor (exit and incident x-ray beam height and widths.,
and sample size in unit of millimeters). The program peak then sequentially process each
scan file from the experiment control program Super. The process is to numerically integrate
the intensity data of each f-scan, to give the integrated intensity within respect to the back-
ground subtraction and the counting time normalization. Then the program calculates the

correction factors (Lorentz, polarization, and sample area) using the scattering and incident

Table 2.1: Incident and exit beam width parameter for the example plot of

Lorentz factor shown in Fig. 2.7
full slit radial (mm) full angular half angular Lorentz

width distance width width (rad) parameter
detector hor. 8 mm 600 0.3° 0.012 =a
vert. 15 mm 600 1.2° 0.024 =)
hor. 1 mm ¢ 350 0.25° 0.005 =n
MCR vert. 12 mm 350 1.2° 0.029 =p

*No slits define this width, only the size and mosaic of the monochromator crystal.
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angles read from the scan file. and the menu parameters. Then using the same equation
above. the program calculates the structure factor. This process is repeat on files sequen-
tially for the scan numbers commanded by the user. The results are saved to an output file
with the file name suffix “.pk”. An information file is also made with a record of the menu

parameters, angles, and other information for each of the processed scan files.

2.5 Second harmonic correction

Besides the data reduction and correction factors (Section 2.4) from integration scans to
structure factors, an additional minor data correction was needed for the particular experi-
ment on Ge(001) and Si;Ge,_.(001) alloy thin films (Chapter. 3). The correction needed is
for second harmonic discrimination leakage. The graphite monochromator reflects primarily
the Cu K, x-rays, but it also reflects integer multiple frequencies from the Bremsstrahlung
radiation also coming from the rotating anode. The second harmonic x-rays are a problem for
this experiment because their scattering from the sample are at exactly the same angles as
some of the ordering and reconstruction peaks. For example, the second harmonic X-rays are
reflected by the (111) planes of the Ge substrate at the same angles as the primary X-rays at
(%, %, %), the position of interest for the SiGe ordered structure. These second harmonic x-rays
are usually not a problem with a detector which discriminates between the different photon
energies. The scintillation detector used in this experiment is very efficient at this, but the
detector and its electronics are not perfect for the high count rates we encountered. F igure
2.9 is an example from the multi-channel analyzer showing the spectrum of pulses measured
by the discrimination electronics. The second harmonic reflection, in this case, is the (331)
and its intensity is an order of magnitude higher than the primary scattering intensity which
coming from the the surface reconstruction of Ge(001). The tail of the second harmonic sig-

nal is adding counts to the primary discrimination window. The data was corrected for this
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Figure 2.9: Example the of scintillation detector’s discrimination between pri-
mary and second harmonic x-rays as measured by the multi-channel analyzer
(MCA). In this case the harmonic x-rays are from reflection (331) while the
primary is (303) in surface units. The inner plot shows the usual theta scan
for integrations where both the primary (squares) and second harmonic (tri-
angles) counts are measured. The spectrum was taken at the maximum of the
this scan.
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cross-over from the tails of the distribution by subtracting an amount proportional to the
second harmonic intensity. The window plot within Fig. 2.9 shows the integrating scan where
both the primary and second harmonic intensity were measured. The proportion factor for
the subtraction was measured to be 6 x 103 (i.e. 6 counts are subtracted from the primary
x-rays for every 10,000 counts of the harmonic x-rays). Alternatively, it was simpler in the
data analysis to correct the structure factors by subtracting /6 x 10~5 = 0.008 of the second

harmonic structure factor amplitude.
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Chapter 3

SiGe alloy surface and thin films

3.1 Introduction

Silicon Germanium alloy is an important example of a semiconductor alloy and understanding
its phenomena is increasingly valuable as alloys become used in electronic devices today.
Part of that understanding is the material’s atomic crystal structure, which is then the
basis for understanding other properties, such as the electronic band structure, defects, and
surface growth morphologies. Silicon and Germanium (001) surfaces, including their alloy.
have the dimer (2x1) reconstruction. This reconstruction is believed to cause the growth
of compositionally ordered films of SiGe(001). This correlation (or ordering) of Si and Ge
atoms on the diamond lattice sites has gained considerable attention, since the material’s
adjustable band gap is of technological importance. SiGe alloy films were at first assumed to
be the same as the bulk solid, a completely random solid solution of both elements with the
diamond structure. But, as discussed in Chapter 1, the structure of the compositional order
is a meta-stable locally-strain RS2 structure with Ge and Si rich bi-layers along the (111)
planes (Fig. 1.2). The ordering of Si;Ge,_; is the focus of this chapter and the experiment

performed to detail this structure during the growth process by MBE.
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This chapter is organized into three sections. The first section provides a description
of the experiments for the sample MBE growth and x-ray diffraction measurements. The
second section provides the results, organized by: 1) the results for pure Ge(001) (2x1)
reconstruction, 2) the thinnest (8 ML) Sig5Gegs data and resulting model, 3) the Fourier
difference map result of the same film, and 4) result of varying film thicknesses and growth

temperatures. The final section details the conclusions and some discussion of there results.

3.2 Experiment

The observed compositional order in Si,Ge;_.(001) alloys has been clearly connected to the
(2x1) reconstruction of the growth interface. For both Si and Ge (001) (2x1) surfaces, the
structure has been accurately determined by surface x-ray diffraction [29, 31]. The experiment
we have performed is a generalization of this, designed is to directly observe the ordering
within the reconstruction. Surface x-ray diffraction has also been used to observe surface
compositional ordering in metal alloys of CuzAu and FeAl [43]. A review of this technique is in
Ref. [6], but the basic idea is to measure the two dimensional scattering from the periodicity
of the surface or truncation of the bulk crystal. Unlike bulk diffraction, in 2D diffraction
one of the three Laue conditions is relaxed making the diffraction intensity continuous and
perpendicular to the surface (called rods). A surface reconstruction has different periodicity
than the bulk and so reconstruction rods are separated from the bulk crystal truncation
rods. This allows one to measure an intensity coming only from the surface if it has a
reconstruction. The intensity along the various rods is measured and then compared to

model of the surface structure, based on the kinematical diffraction theory.



3.2.1 Sample Growth

The samples of SizGe;_; thin films were grown on Ge(001) substrates. The substrates were
cleaned and prepared by rinsing and sonication with ultra-pure water to dissolve the native
oxide and contaminants, then placed in a ultra-violet lamp box for ozone exposure [44]. The
ozone is for the rapid regrowth of the germanium oxide and is believed to oxidize any or-
ganic contaminants, which combined with the UV radiation, volatilize the contaminants for
removal from the surface. This process of ultra-pure water and UV /ozone exposure was re-
peated several times with the last step being the UV /ozone, performed before the substrate
is indium bonded to a molybdenum sample holder. The sample was then immediately intro-
duced into the vacuum system through a loading vacuum-interlock chamber. After pumping
down. the substrate and sample holder are transferred into the growth chamber. The epitax-
ial growth chamber was a Perkin-Elmer 425 equipped with dual electron-beam evaporation
system containing Si and Ge sources, with a base pressure of 6 x 10~!! Torr. Once inside the
MBE chamber, the sample was slowly heated to desorb any remaining gases. The substrate
temperature was increased while the chamber pressure was maintained below 5 x 10~!¢ Torr.
At about 450° C the oxide was removed by thermal desorption, which was confirmed by
reflection high-energy electron diffraction (RHEED) showing the (2x1) pattern for the pure
reconstructed surface of Ge(001). The final preparation step was the homoepitaxial growth of
a germanium buffer layer, usually 1000 A thick at a deposition rate of 1 A/s and a substrate
temperature of 370°C [45, 46].

The deposition rate from either of the electron-beam evaporation sources was controlled
by active feedback obtained from an Electron Ionization Emission Spectroscopy (EIES) flux
monitor. The total deposition thickness was also monitored by a quartz crystal oscillator.
This and the EIES monitor are part of the Inficon Sentinel III deposition controller. For
the growth of the Sig5Geg s alloy layers the EIES monitor allows one to actively control the

Si and Ge fluxes individually, to maintain the desired composition of 50%-50%. The final
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composition of the films where later confirmed by Rutherford backscattering spectroscopy
(RBS) and depth profile Auger electron spectroscopy (AES). AES confirmed the composition
to within 10%, while the RBS shows some Si rich stoichiometry 57%-43%. The individual
element deposition rates where also confirmed by ez situ profilometry on edges of test films,
both 1.0£0.3 pm thick. Later, one measurement of the alloy film thickness by x-ray reflec-
tivity found a larger than nominal growth thickness by 20%, consistent with the possible Si

rich stoichiometry [47].

3.2.2 X-ray diffraction measurements

Once the sample thin film was prepared, it was then transferred through an ultra-high
vacuum transport tube from the MBE chamber to the x-ray chamber for the scattering mea-
surements. The base pressure of this analysis chamber was 3 x 10~!° Torr, which allowed
the measurement to last beyond 48 hours before the sample surface became contaminated.
Contamination was characterized by a decrease in the scattering intensity from the (2x1)
surface. One sample was later transferred to another analysis chamber for x-ray photoemis-
sion spectroscopy (XPS) which confirmed the minor surface contamination by carbon and
oxygen.

The x-ray source is a 18kW copper rotating anode generator with a highly-oriented
pyrolytic graphite (HOPG) curved crystal to select the Cu K, radiation (A = 1.54 A).
The curvature of the monochromator focused the x-rays to a2 1x1 mm point at the sample
position within the UHV chamber. More details of this x-ray analysis chamber are present in
Chapter 2. Vertical slits were used to control the monochromator’s focusing. Horizontal slits
placed half way to the sample, defined and collimated the incident x-ray beam. The spectral
lines ) and @, were not resolved. This system provided a large flux of x-rays at the expense
of resolution. The beam divergence from the HOPG monochromator, perpendicular to the

focusing direction, was 0.30°. The detector was placed 630 mm from the sample (center of
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rotation). At half that distance was a Soller slit box which collimated the diffracted beam in
the direction perpendicular to focusing direction (i.e. in the horizontal scattering plane). The
final optical elements were vertical and horizontal slits in front of the detector for definition
of the exit beam size and/or view of the sample.

First, the sample was aligned by finding and centering on the Bragg diffraction peaks of
the substrate. Then the diffraction intensity of the (2x1) rods was measured for each of the
samples. Figure 3.1 is picture of reciprocal space along the (110) plane, showing the relative
locations of diffraction intensity from the sample. The dark circles represent the bulk Bragg
peaks from the substrate and the SiGe thin film, with the open circles showing the missing
fce type peaks. The crystal truncation rods are the continuous intensity lines shown between
the bulk peaks. The long range ordered domains within the SiGe films are represented by
the grey circles, the first being half the distance to the (111) bulk peak. The superstructure
peaks shown, represent the superimposed diffraction from all the domains of the ordering.
The surface reconstruction rods, represented by the lines between, also run through the
ordering peaks. The dimers and their double periodicity give rise to the surface rods, half
way between the bulk crystal truncation rods. The doubling period of the ordering in the
(111) bi-layers makes the surface rods overlap the ordering peaks.

The experiments measured the intensity only along the surface reconstruction rods, al-
lowing us to be sensitive only to the surface and ordering structures. For each point along
the rod, a 6 scan was measured which makes a cross-section of the rod giving the integrated
intensity. These scans are just the integrated intensity measurement described in Section 2.4.
The length of the rods measurable was not as long as shown in Fig. 3.1, but up to about
L = 1.9, limited by the angular range of the instrument.

The common cubic indexes of hkl to describe the reflections from silicon or germanium

crystals are related to surface indexes, HK L, the ones used to describe the diffraction in
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Figure 3.1: Sketch of reciprocal space [110] plane for Si,Ge;_, (001) thin film.
The solid circles are bulk Bragg peaks and the crystal truncation rods between
them. The grey solid circles are the ordering peaks and the reconstruction rods
along through them.



this experiment, by the transformation here:

4

H L Lo [n
K |(=|-t1ag k (3.1)
L 0 01 !

The surface coordinate frame is chosen so the momentum transfer perpendicular to the
surface is along one of the principal axes, usually being L. Using this, the reflections (004),
(111), and (1,1, 1) become in surface notation (004), (101), and (011), respectively. For the
dimer (2x1) reconstruction, is the surface unit cell is doubled along one in-plane direction.
Correspondingly, the reciprocal space index becomes a multiple of a half integers in that
direction. So, the reconstruction rods appear at (3,0, L), (3,0, L), (3,1, L), etc.

The presence of the reconstruction also means the (001) surface breaks its 4-fold rotational
symmetry. Yet, because the surface is equally covered by two domains of the reconstruction
oriented 90° apart, the reconstruction rods occur in the half-order positions both along the
surface H and K directions. In the data reduction, the diffraction rods from both domains are
combined together make one data set. The measured half-order rods for the various samples
were limited to one half quadrant, the smallest asymmetric volume, and to a maximum in-
plane momentum transfer of the (g, 0, L) rod. Test positions were measured to confirm that
the symmetry and the related intensities were equivalent.

The final detail is the correction for the leakage of second harmonics, as described in
Section 2.5. The multi-channel analyzer output from the scintillation detector was used
to correct the imperfect discrimination between the primary scattered x-rays and second
harmonic x-rays. The harmonic counting rate was multiplied by 6 x 10~ and then subtracted
from the fundamental. This correction was found to change only structure factors near and
at L = 0.5 or 1.5 (because (;33) measures also the x-rays with double the energy scattered
by the (111) reflection.) The correction ranged from 5% for the larger structure factors, up to

20% for the weakest data points. The weakest primary intensities have the largest corrections
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because of the nearly constant second harmonic scattering.

3.3 Results

3.3.1 Ge(001) buffer layer surface

The first experiment performed was to measure the x-ray scattering from the pure Ge surface
for later comparison with the SiGe film surfaces. As mentioned above, the Ge(001) substrates
were initially grown with a 1000A buffer layer to obtain the well ordered (2x1) surface. This
provided the starting surface for the subsequent growth of Si,Ge;_, thin films. But prior
that, the substrates were transferred to the x-ray chamber for measurement of their surface
structure.

The structure of the Ge(001) (2x1) surface has been determined before by x-ray diffrac-
tion by two groups [29, 30]. The Rossman et al. experiment [29] was similar to ours, in that
they used a rotating anode x-ray source, but the latest measurement of Torrelles et al. [30]
at a synchrotron radiation source provided a greater accuracy to the structure, which came
mostly from the larger range of perpendicular momentum transfer, L, that could be reached
in their experiment. The results from our in-situ surface x-ray diffraction experiment on
the same Ge(001) surface is plotted in Figure 3.2. This figure shows the complete data set:
seven reconstruction rods. Each rod is labeled at the top by its H (x 2) and K indexes.
Each data point for the measured structure factor results from an integration scan through a
cross-section of the rod. To sample the continuous rod intensity, the scans were made every
AL = 0.1. The solid line represents the structure factors calculated for the model by Torrelles
et al. This model needs only one free parameter to fit the data, which is an over-all scaling
factor. This is because we did not attempt to make an absolute measurement. The Torrelles’
model fits very well to the data, giving a y* = 1.52. This confirms not only that the pub-

lished Ge(001) model is correct, but also that our instrument and data analysis is working
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properly, which was important because it was the first experiment for our new instrument. A
summary of the main structural features of this model and the next is represented in F igure
3.3.

An important detail of the model is that the dimer has an asymmetric tilt angle, but
both directions of the tilting are included with equal weight in the amplitude scattering. This
disordered buckling dimer structure, proposed by Rossman al. [29] allows one to model the
changing dimer angle across the actual surface. This dimer tilting is believed to be dynamic
in nature, because at lower temperatures there is a transition to another reconstruction with
the same dimers but ordered in the tilt directions along the dimer rows. This low temperature
c(4x2) reconstruction of the Ge(001) surface is described in Ref. [48]. Another important
detail of the Ge(001) (2x1) model is the displacement of atoms down to the eight layer
below the surface dimer. This result shows the propagation of strain associated with the
strong bond bending in forming the dimer reconstruction.

Next. we tried fitting data by adjusting the same displacement and Debye-Waller pa-
rameters, starting from Torrelles’ parameters. The result is also plotted in Fig. 3.2 as the
dashed curves. Our model did decrease x? to 0.61. The structural parameters for our fit are
listed next to Torrelles” model in Table 3.1. Our model fits the data closer, especially the
peaks in rods (3/2,0,L) and (3/2.1,L), but it gives bond lengths which are slightly farther
from the bulk Germanium bond length of 2.45 A. Additionally, with the resulting x? being
below 1.0, this could mean our model may be fitting the data beyond its uncertainty, but
may also imply a discrepancy in the error estimate of the data. Table 3.2 lists the dimer
bond length and angle of inclination for our best fit model, the two previous experiments,

and other results from Si(001).
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Figure 3.3: Structural model of Ge(001) (2x1) reconstruction with relative
displacements of the atoms from their ideal bulk positions. Not shown is the
symmetrically equivalent dimer and second layer atoms with the opposite tilt.
This structure and its mirror image are combined with equal probability to
form the disorder model for the dimer tilting.



Table 3.1: Atomic positions for best fit model and Torrelles at el. model [30] to
the Ge(001) 2 x 1 data set shown in Fig. 3.2. The coordinates are normalized
to the (2 x 1) unit cell, ie. a = 8.000 A, b = /2, and ¢ = q, = 5.6584.
Asterisks denote fixed coordinates. The numbers in parentheses are calculated

uncertainities in the last digit.

Best fit model

Torrelles model

Atom z y 2 B(A) T Y z B(A)
1 0.308(4) 0.5  0.027(5) 19(2) 0323 05 0042 13°
2 0.633(2)  05°  -0.070(6) 0.630 0.5  -0.080

3 0.274(1) 0.0  -0.245(5) 0.7(3) 0274 00" -0.235 0.7

1 0.750(1)  0.0°  -0.26(13) 0.749  0.0°  -0.269

J 0.0* 0.0" -0.479(2) 0.50 ° 0.0" 0.0* -0.479 0.6

6 0.5 0.0" -0.517(2) 0.5* 0.0* -0.517

T 0.0* 0.5 -0.732(2) 0.0* 0.5* -0.730 0.50°
8 0.5° 0.5 -0.760(2) 0.5 05"  -0.760

9 0.2438(4)  0.5*  -1.00(2) 0245 0.5  -0.999

10 0.7562(4)  0.5*  -1.00(2) 0.755  0.5*  -0.999

11 0.2472(4) 0.0  -1.25(3) 0248  0.0°  -1.247

12 0.7528(4)  0.0°  -1.25(3) 0.752  0.0°  -1.247

13 0.0* 0.0" -1.503(2) 0.0* 0.0* -1.504

14 0.5° 0.0°  -1.491(2) 0.5° 0.0°  -1.492

15 0.0* 0.5* -1.754(2) 0.0* 0.5* -1.751

16 0.5° 05 -1.747(2) 0.5  0.5°  -1.747

¢Approximate isotropic Debye-Waller factor
bFixed to known bulk factor

Table 3.2: Ge(001) dimer bond length and angle of inclination from our best
fit model and models by others. The last two entries are the same parameters

for Si(001) dimer reconstruction for comparison.

Model & Ref. Bond length  Angle
Our best fit 2.66+0.04 A  12+3°
Torrelles et al.[30] 2.55+£0.01 A 15.6+0.6°
Rossman et al.[29] 2.44+0.04 A 17%4°
Si(001): Takahashi et al. [31] 2.37+£0.06 A 20+3°
Si(001): Felici et al. [32] 2.67£0.07 A 20+3°
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3.3.2 Sip5Gep;(001) very thin film

This section will describe the results for Sig;Gey s thin films at their initial stage of growth.
The film was deposited on a 1000 A buffer layer at 400°C with a thickness of only 8 monolay-
ers (ML). Just as with the Ge(001) experiment, the sample was transferred after growth to
the x-ray chamber for diffraction measurements with exactly the same optical configuration.
The resulting data set from the very thin film of SigsGeq s is shown in Figure 3.4, which
also shows, for comparison, the fit curves for the pure Ge(001) data. This figure shows the
over-all decrease in the structure factors from the alloying of some silicon on the surface.
The form factor of Si is less than that of Ge because it has fewer electrons, so scatters fewer
x-rays. The surface of this thin film has the similar dimer reconstruction but now it consists
of an alloy of Ge and Si atoms. If the alloyed atoms were exactly in the same positions as
the Ge(001) reconstruction, the structure factors would be the same as Ge(001), except for
the over-all linear decrease from the decreased atomic scattering factor for the alloy. This
is clearly not the result shown in Fig. 3.4. There are different modulations and additional
peaks for some of the rods. The largest features are still present because the dimers and
sub-surface displacements are still an important component of the structure. Another im-
portant detail is that the additional peaks occur at or near the positions expected for the
alloy (111) bi-layer ordering, i.e. at rod positions of L = § and 3 as noted in Fig. 3.1. These
initial details confirm that there is some additional structure or order in the SigsGegs thin
film, beyond the dimer reconstruction.

To quantify the structure, another least-squares refinement was tried. The best model
with reasonable bond length and atomic densities, and fit the structure factors well is shown
in Figure 3.5.

The solid curves calculated from the model matched most of the features of the data and
gave x* = 2.1. Our fit model contained parameters of two types: composition at differing

lattice positions, and displacements of the near surface atoms. First, the composition of the
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dimer and second layer atomic sites were allowed to adopt free values. But. both the left and
right positions (Fig. 3.3) were constrained to be the same. These top-most sites were free in
composition to model the possibility of Ge segregation. Next, the average composition within
each of the layers 3 through 8 were constrained to the average composition from the growth
condition, i.e. the bulk film composition. Since each layer of Sig5Geg s within the unit cell
has only two non-equivalent atoms, the composition is then distributed between these two
positions, represented by p, an order parameter within each layer. For example, if p = 0 then
both positions will have the bulk composition. If p = 1 or —1 then one lattice position has
only Si and the other only Ge, meaning the layer is completely ordered. The sign definition
identifies a specific site. For the values between these two extremes, p is the order parameter
for a specific layer where the alloy composition at each different site can be modulated about
the film’s average. This definition is similar to that used by Kelires and Tersoff [28].

Another constraint placed on the model is that the bi-layers (layers 3 and 4, layers 7 and
8) each have the same order parameter. This ordering of bi-layers is predicted from the bulk
ordering structure RS2 (Fig. 1.2) determined by Tischler et al. [22].

But, in layers 5 and 6, the lateral ordering within each layer cannot be resolved, Just as
in the case for the dimers above. A vertical mirror plane through the center of the unit cell
is assumed from the symmetry of the data set. Therefore, the atoms within each of these
layer were constrained to the film's average composition. This does not mean these layers do
not have any ordering. It means that the measured structure factors combined the scattering
from both possible domains of (111) and (111), and therefore could not resolve the possible
ordering within these layer. This is analogous to the case in earlier experiments on Ge(001)
(2x1) which could not resolve between a symmetric dimer model and disordered dimers with
asymmetric buckling [29].

Besides the density parameters, the model also included displacement parameters. Only

the atoms in layers 1 and 2. the dimer and second layer atoms, were allowed move in the
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r and : directions during the refinement. All other atoms were fixed at the positions from
Torrelles model for the Ge(001) (2x1) structure. These few displacement parameters helped
limit the results to the most meaningful model. The result of the refinement with this model
is shown in Figure 3.6. The most important conclusion is the ordering in layers 3 and 4
under the dimer and the additional order in layers 7 and 8. The deeper ordering is in the
correct registry for either the (111) or (111) bilayer ordering. This confirms the structure from
experiments on thicker and relaxed Sip5Geg s films (described in our measurements below)
by Tischler et al.[22]. The resulting structure also has some Ge segregation: the dimers have
a higher germanium composition than the bulk film.

Another result is the increased bond length of the dimers to 2.69+0.15 A. In general, in
the incorporation of Si in the Ge lattice, one expects the average bonds to shorten. Some of
the bonds from the dimers to second layer atoms and the bonds from second to the third
layer did shorten. But this dimer bond length is in agreement within uncertainty with other
measurements [32, 30]

Our result agrees with the prediction of Kelires and Tersoff [28] that the Ge compositions
in layers 3 and 4 should be 60% at 400°C (our growth temperature). Their study also
predicted a large segregation with a dimer Ge composition of 90%. Our model has some
increase in Ge segregation, but not quite this amount. Their equilibrium model also predicted
some ordering one layer deeper (7), but only to 53% Ge. The resulting compositional order
in layers 7 and 8 is in agreement with model of LeGoues et al. In this model, these deeper

layers are ordered as prior surface layers which are then covered by later deposition.

3.3.3 Electron Density and Difference Map

An alternative analysis of the Sig5Gegs thin film data is by the direct method of Fourier
difference maps. The goal is to use the structure factors by an inverse Fourier transformation

to directly show the difference between the known Ge(001) (2x1) structure and the unknown
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Sig.sGeg 5 structure. The first detail is to construct the electron density map from the Ge(001)
structure factors. Besides the amplitude, the inverse Fourier transformation also requires the
phase for each data point. The phases can be calculated from a known model, which in this
case is the model of Torrelles et. al for Ge(001) (2x 1) surface.

Now the resulting electron density map of the unit cell from the surface rods is not
itself a direct picture of the atoms. Because the crystal truncation rod and Bragg peaks
are not included in the inverse transform, only the “reconstruction density” is given. This
is the difference between the ideal unreconstructed surface and the reconstructed one. By
transforming only the odd half-integer rods to the doubled (2x1) surface unit, the density
pattern is also constrained to have anti-symmetric density. As shown in Figure 3.7, the
density map from Ge(001) has equal negative and positive peaks. In fact these features show
how the Ge atoms move, i.e. from bulk (symmetric) position to the reconstructed (non-
symmetric) position with the anti-symmetric component shown here. The figure shows for
the two different y-planes the ideal bulk lattice position as solid circles. As expected, the
strongest feature is the dimer, which is cut off in this scale to show the displacements in the
deeper layers.

For the Sig5Gep s structure similarly, the inverse Fourier transformation of only the odd
half-index rods will give the anti-symmetric density component. This shows where the atoms
move from their ideal positions and, (the part of interest) where the chemical composition is
ordered. But the phases for Sig5Geg 5 are of some question. We wish to test the model above,
and using phases calculated from it may bias the resulting density map. The alternative is to
calculate the Fourier difference map between the SigsGeg s density and the Ge(001) structure
for which the phases are known. The difference map is a common method in crystallography
to locate missing components in atomic models[6].

The structure factors and phases from the Ge(001) dimer structure were scaled to the

alloy composition. These represent the ideal model with no ordering, for the Sig.5Geg.5(001)
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dimer surface. The structure factors were subtracted from the measured structure factors
for the Sip5Geg s film and then Fourier transformed. The resuit, shown in F igure 3.8, clearly
shows the composition ordering to eight layers of the film. The positive densities in layers 3,
4, 7, and 8, correspond to the same locations of higher Ge composition in the refined model.
Correspondingly, the negative contours around the opposite lattice site are locations of higher
Si composition. Another result is the dipole density pattern at the dimer atoms. This may
represent an additional displacement of the dimer atoms, meaning the dimer length bond has
shortened from that for the Ge(001). This conclusion is opposite to refinement model above,
but agrees with the points discussed above about the average SiGe lattice being smaller than
Ge. Although, the Ge segregation observed in the refinement model is not in the difference
map. As with the Ge(001) density maps, the reciprocal space cut-off to the data introduces
meaningless minor peaks (oscillations) in areas between true atom positions, which can be

ignored.

3.3.4 Thicker alloy films and their degree of order

In addition to the thinnest films analyzed above, a series of thicker Sig.5Geg.5(001) film were
grown on Ge(001) substrates. As expected, the amplitude of the compositional order peaks
increase with film thickness. Figure 3.9 shows one set of the same surface reconstruction rod,
the (31L), for four films, in order of increasing thickness. For the thickest film of 1000 A,
the ordering results in Bragg-like peaks at the (%,%,%) type position. The peaks at half
order positions also have the relative amplitudes which confirm the RS2 structure found by
Tischler et al. [22]. For the data shown Fig. 3.9, the L = 0.5 peak is the expected smaller
peak, while the L = 1.5 is the strongest type reflection according to the structure factors for
the RS2 model, discussed in Chap. 1.

Besides the relative magnitudes, our measurements were compared to the pure Ge(001)

structure factors, also shown in Fig. 3.9. The Ge(001) structure factors provide an absolute
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scale with which to measure the alloy’s structure factors. The absolute structure factors
can then be used to solve for the average film order parameter. The calculation requires
estimating the surface scattering component of the rods, shown in Fig. 3.9 as the intensity
between the ordering peaks. This surface component is then subtracted from the specific
values at the respective positions L = 0.5 and 1.5. This effect is important for the thinnest
film of 30 A where the two sources of the scattering (the surface (2x1) reconstruction and
the sub-surface film ordering) are near the same magnitude. This is especially evident for
this rod at L = 1.5 where the minimum in the surface diffraction signal becomes filled
in by the Sig5Gegs ordering peak. This subtracting of structure factor components is an
approximation and does not include the possible interference between the surface and film
scattering components.

Once the absolute structure factor for the film'’s compositional ordering was determined,
the film’s thickness and the intrinsic RS2 scattering factors were used to normalize the values
to give the films average order parameter. We used the square root of the thickness for the
structure factors because the integrated intensity is proportional to the thickness ! . This
derived average compositional ordering parameter (Table 3.3) is the average throughout the
thickness of the film, not the specific ordering within possible individual domains. Table 3.3
lists the measured average order parameter for each film, its thickness and growth tempera-
ture. For the thinnest film, the average order parameter from the full model result above is
also listed. This was calculated from the model layers 3,4,7, and 8 and assuming the other
unresolved layers (5 and 6) have the same average ordering as those measured. The close
agreement between the full model and the calculation method for thicker films validates the
calculation method for the order parameter from the absolute structure factors.

An interesting result from this table is the increased ordering within the middle thick-

!See Warren [1] for a discussion of the bulk integrated intensity and structural order parameter
determination
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Table 3.3: Average film order parameters of Sig.5Geg5(001) for various film
thickness and roughly constant growth temperatures. Also, listed are the de-
termined ordering compositions of the (111) bi-layers. The 8 ML thin film
modeled above is the last entry (*) where the order parameter is the average
from the resolved layers 3,4,7, and 8. The other entry for the 8 ML film is the
result using the same method as for the other films.

Thickness  Growth Temp. Order parameter, p Ge%-Si%

1000 A 450°C 0.35+0.09 68%

100 A 475°C 0.68+0.03 84%

50 A 400°C 0.71+0.07 86%

304 450°C 0.65+0.05 83%

(8 ML) 10 A 400°C 0.21+0.05 61%
(8 ML) 10* &  400°C 0.254-0.02 63%

nesses of the Sig5Geps thin films. The very thinnest film shows the smallest average order
parameter. The thickest film at 1000 A has the next smallest average order parameter. But
in Fig. 3.9, this is the film with largest absolute structure because of the film’s bulk thick-
ness. It is possible the ordering is underestimated because of x-ray absorption in this thick
of a film. The other films have peaks which are lower in magnitude, and so the subtraction
of the surface rod component is a larger factor in the results in Table 3.3. This method of
subtracting the surface rod component based on the Ge(001) structure factors, may under
estimate the full surface component. This can account for large difference in order parame-
ters between the fully modeled 8 ML film and the 30 A flm. It is satisfying that the largest
order parameter is not above the physical limit of 1.0. Ordering parameters as high as 0.64
have been reported by other groups [36, 25].

The results in Table 3.3 does give increased ordering where the film'’s morphology is
changing: from fully strained, pseudomorphic growth at the least thickness, to the relaxed
equilibrium Sig5Geg s lattice with misfit dislocations at the thickest film’s interface. This
result agrees with the proposed model by Jesson et al. for the ordering mechanism [21].

Their model suggested that both the increased step density and formation of 3D islands



Table 3.4: Average film order parameters of Sig.5Geg5(001) for various film
growth temperatures. The last film (*) was annealed in situ to 700°C for 5

min.
Thickness Growth Temp. Order parameter, p  Ge%-Si%
30 A 550°C 0.53+0.05 7%
30 4 450°C 0.65+0.05 83%
20 & 390°C 0.40+0.06 70%
50* A 400°C, anneal 700°  0.48+0.05 74%

from strain relaxation and kinetic growth limitations are needed to form the long range
order domains. Although, this is not consistent with the thinnest films which are not that
rough, or have begun strain relief. This point has been presented before in Ref. [36], which
reports continued compositional ordering in films grown by grading the composition to 60%
Ge on Si(001) substrate. The grading provided a flat, strain-relieved growth surface, not the
morphology supposedly required by Jesson et al.

The results from film grown at various temperature and other films that were in situ
annealed after growth are given in Table 3.4. The maximum in compositional order occurs
at about 400-450°C. These results in Table 3.4 are qualitatively the same as present by Ref.
[37] and [12]. These Sip5Geg5(001) studies explored a wider range of temperatures, and the
films thickness were 7500 A and 75 A, respectively.

Kelires and Tersoff’s equilibrium model predicts an increased ordering with lower tem-
peratures [28], opposite to the results presented here and in the previous experiments. The
presumed causes are kinetic roughening and film disorder as the lowest temperature is near
the limits of epitaxial growth of this material. One proposed mechanism by Jesson et al.,
discussed in Sec. 1.2.4, describes a kinetic process that will limit the lower temperature of
ordering. That is, when the step-flow mode of growth is decreased, the step-edge kink prop-
agation (the focus of their proposed mechanism) is also decreased. The decrease at higher

growth temperature does agrees with the model of Kelires and Tersoff, where the believed



cause is entropy.

The last film which was annealed to 700°C for 5 minutes shows the compositional or-
dering decays to almost half the value for the unannealed film (50 A listed in Table 3.3).
Others studies report the annealing removed the compositional ordering completely. But the
annealing temperature and time required for the films to disorder, ranged from 700°C for
1 hour [26] and up to 800°C for 2 hours [25]. Our annealing experiment did not reach this

highest temperature or length of annealing times.

3.4 Conclusion

Our experiments using surface x-ray diffraction have revealed details of the compositional
ordering as it occurs in the growth of thin films of Si;_,Ge,(001). For the thinnest film
of 8 ML (10 A), our x-ray diffraction measurements show the initial stages of forming the
compositional order. The atomic order parameter and the Fourier difference map analyses
both show the migration of Ge atoms to the tensile strained sites and Si atoms to the
compressive strained sites beneath the surface (2x1) dimer reconstruction. Farther below
the surface the compositional ordering is present in the lattice sites consistent with the
initial formation of the RS2 Sig5Geg s structure and its bi-layer (111) planes. Although our
experiment could not resolve any possible ordering in the symmetric sites below the dimer
surface (layers 5 and 6), the results were consistent with the crystallographic experiment
by Tischler et al. and their results for the RS2 structure [22]. The ordering along the (111)
planes may continue through the layer 5 and 6, but the equal distribution of ordering domain
across the film obscured this within the resolution of our experiment.

The Fourier difference map of our SigsGeg s structure factors also provides the evidence
for compositional ordering as compared with the Ge(001) dimer reconstructed surface. Unlike

model refinement, this method is a direct calculation, independent of any basis, except from
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the phases calculated from the model of Ge(001) [30]. Besides the compositional ordering
in the layer beneath the dimer, the difference map shows an additional displacement of the
dimer atoms to a shorter bond length. This is an opposite conclusion to the refinement
model, which found an increased dimer bond length, but with the segregation of higher
Ge composition to the surface atoms. This disagreement may be to related to uncertainty
in roughness parameters used in both procedures. The surface roughness, which decreases
the coherence of the surface diffraction, is implicit within the over-all scale factor for the
refinement model, and within the scale factor used to scale the Ge(001) data to same average
compositional density as the Sig5Gegs. Each of these parameters are refined independently.

The measurement from thicker films of Sig5Geg5(001) provided information on how the
strength of the order parameter changes in film thickness and growth temperature. A growth
temperature of 400-450°C gave the maximum ordering for film of thickness about 30 A. A
maximum in the ordering occurs at the thickness about 50-100 A which is 2.5-3 times the
magnitude of order found in the initial stages of growth discussed above, or the thickest
film measured at 1000 A. This result affirms the important relationship between the surface
structure and the meta-stable ordered structure produced within the film.

This result has some agreement to the calculation by Smith and Zangwill on the relation-
ship between ordering and roughening during growth of an model binary alloy [75]. Their
model of thermodynamically favored ordering at the surface only, shows a similar decrease
in subsequent film’s ordering with increasing film thickness. The change reported is non-
trivially related to the model’s growing surface morphology. This model quantitatively does
not agree we our results, in the rate of decreasing order versus film thickness, but the model
system they used was for a simple cubic lattice with epitaxial growth on a lattice-matched
fully ordered substrate.

The surface x-ray diffraction experiment has identified features which agree with both

proposed mechanisms discussed in Sec. 1.2.4 for the origin of compositional ordering within
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Sig.5Geg 5(001) films. The clearest result is the chemical ordering observed in the sub-surface
layers under the dimer reconstruction from the experiment on the thinnest film. This con-
firms the predictions by Kelires and Tersoff [28] which is the basis for the model mechanism
by LeGoues et al. [26]. The maximum ordering within the film thickness range of 50-100 &
also supports the model proposed by Jesson et al. The increased step density and 3D island-
ing associated with strain-relaxation at about this thickness would facilitate the proposed
asymmetrical segregation across the (2x 1) dimer reconstructed surface at the kinks of prop-
agating steps.

To conclude, the ordering mechanism observed in Si;Ge;_-(001) films is clearly not re-
lated to bulk thermodynamics, but to the surface kinetics during growth. Two mechanisms
have been proposed for the residual compositional ordering within the films and both are

strongly related to known (2x1) dimer reconstruction.



Chapter 4

Disordered Structure of Cubic Iron

Silicide Films on Si(111)

4.1 Introduction

Iron silicide has recently received increased attention (as with other silicides) as possible
materials for advancing today’s silicon-based semiconductor industry. The specific interest
in iron silicide arises because of the presence of a band gap in the bulk phase 3-FeSi, [53].
This has the promise of being a suitable material for the development of a silicon based
electro-optical device. The 3 phase however is unlike the cubic NiSi, or CoSi, which are
metallic and have been successfully grown epitaxially on Si; 3-FeSi, has a more complex
orthorhombic structure that is believed to be due to a lattice instability explaining the band
gap in its electronic structure [54]. In the effort to grow epitaxial iron silicide on Si, new
pseudomorphic phases have been discovered, which are not seen in the bulk. Technically,
these are not true thermodynamic phases, but are stabilized by the substrate and growth
conditions. One such pseudomorphic phase is an iron disilicide, with the fluorite structure,

called v-FeSi, [55] analogous to NiSi; and CoSi, that also have this structure. Another pseu-
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Figure 4.1: Comparison of related cubic structures. Each shows the direct cube

face made of type A (metal) atoms as the solid spheres, and a second layer

of type B atoms as larger spheres. The structures are: (a) face-centered cubic,

(b) zinc blende, (c) fluorite, (d) cesium chloride, and (e) a-FeSi,.
domorphic phase is a CsCl type structured silicide which is characteristic of lower growth
temperature [56, 57]. Recently, we proposed that this phase is best described as Fe.®,-:Si
with a CsCl type crystal structure where © represents iron vacancies [58, 59]. The exper-
iments we report have elaborated on the properties of this new phase. A series of silicide
samples with varying thickness and composition was studied with X-ray diffraction and a
discussion of their structure will be presented.

The most common bulk phase of cobalt and nickel silicide is the disilicide, CoSi, or NiSis,

which has the fluorite (CaF,) crystal structure illustrated in Fig 4.1. The bulk iron silicide

9



.« Lm

phase diagram is more complex with a variety of phases; including the orthorhombic J-phase
mentioned above, the cubic e-FeSi that has a distorted NaCl crystal structure. and the high
temperature tetragonal a-FeSi,. The cubic FeSi, fluorite structure (known as the -y-phase)
and the new CsCl phase do not exist in the bulk [60], but only in epitaxial films. The strain
induced by epitaxial growth in thin films is a well-known means of favoring a new structural
phase over bulk phases, especially when the favored structure is closely lattice-matched to
the substrate (an example is bcc Co on GaAs [61]). This is the case for y-FeSi,, which has
a lattice parameter closely matched with Si and is one of the phases observed only in thin
films [56]. The case is similar for a-FeSi, which forms epitaxially far below its bulk formation
temperature [62, 63], which we also observe.

When FeSi, is grown by MBE at room temperature, it does not have the fluorite structure
but has the CsCl structure instead. These crystal structures are in fact closely related., as Fig.
4.1 attempts to demonstrate. The figure shows a series of cubic structures viewed directly on
the cube face. It starts with the primitive face-centered cubic (fcc) lattice made up entirely
of atoms of type A in Fig 4.1(a). By adding a second kind of atom (type B) at four of the
(3, 1, 1) positions, this becomes the zinc blende (ZnS) structure shown in Fig 4.1(b). By
filling the remaining four (§,1,) positions with B atoms, it becomes the fluorite (CaF,)
structure shown in Fig. 4.1(c). Finally, upon filling the previously empty 8-fold coordinated
sites between the B atoms with A atoms, this transforms into the CsCl structure (Fig 4.1(d))
with a unit cell of half the size. From the point of view of diffraction, structures (a) (b) and
(c) all have fcc selection rules, but structure (d) is simple cubic, so can be distinguished by
the presence or absence of fcc reflections. Structures (a) (b) and (c) can only be distinguished
by the relative intensities of their reflections, i.e. by crystallographic analysis. Shown in Fig.
4.1(e), and discussed in Ref. [64], is the a-FeSi, structure that is also related by removing
alternating (100) planes of Fe (type A atoms) within the CsCl structure.

One reason for drawing the structures beside each other in Fig. 4.1 is to illustrate the
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role of disorder. If the B (fluorine) sites in the CaF, structure are only partially occupied.
its diffraction intensities will tend towards the ZnS structure; in the special case of 50%
occupation (randomly distributed), we would have the situation of identical stoichiometry
and the only distinction between the structures would be small differences in the relative
diffraction intensities. The situation for structures (c) and (d) is analogous. Random 50%
occupation of the A sites of the CsCl structure in (d) vields a disordered version of the
CaF’; structure in (c), which, since it has identical stoichiometry, can only be distinguished
crystallographically. We report here that this random occupation description represents the

case of FeSi, (or more appropriately Fe_Si) films grown at room temperature on Si(111).

4.2 Method

The various iron silicide samples were grown by room temperature molecular beam epitaxy
(MBE) . All samples started on cleaned Si(111) surfaces showing a 7x7 reconstruction.
Samples were grown with a range of thicknesses and with two ratios of stoichiometry. Three
silicide films were grown by co-deposition of Fe and Si in the ratio of 1:1 after initial deposition
of two monolayers (ML) of pure Fe. Another set of four samples was grown in a two step
process: the 1:1 co-deposition of a template was stopped after 5 A of growth and the film
annealed to 400-300°C, then additional Fe and Si in a ratio of 1:1 were deposited at room
temperature to the desired final thickness. We know from previous XPS and UPS studies that
this annealing step results in a template of cubic Fe,Si [56]. Other studies of the monolayer
Fe structure on Si(111) have found the formation of this template CsCl structure and its
B-type interface [65, 66]. Using this template, five more samples were grown with a Fe to
Si ratio of 1:2. Three of these five were overgrown with Si and later annealed to 630°C. A
quartz crystal monitor was used in each case to determine the film thickness. All unannealed

samples were sealed with an amorphous Si cap layer about 20 to 100 A thick to protect them

81



during transport through air. For the three annealed 1:2 growth samples. the diffraction
scans confirmed the Si cap layers to be epitaxial. A more detailed description of the sample
growth can be found in Ref. [67]13.

The X-ray diffraction experiments were carried out on beam line X16B at the National
Synchrotron Light Source at Brookhaven National Laboratory. The fixed geometry of the
beamline provides a focused monochromatic X-ray beam with a wavelength of 1.69 A. The
samples were mounted on a Huber 4-circle diffractometer and the diffraction intensities
measured with a scintillation detector. Both the incident and reflected X-ray beams were
defined by 1x1 mm slits. The Bragg peaks (111), (113), and (220) of the silicon substrate
were used to align the substrate to the diffractometer.

Diffraction from the films was measured by means of ’direct rod scans’ selecting the
measurement points along straight lines in reciprocal space perpendicular to the sample
surface. At selected points, integrated intensities were measured by means of rocking curves
(w-scans), performing a background subtraction and applying corrections for sample area and
Lorentz factor. In this chapter the results from the diffraction experiments are organized into
four sections: the epitaxial crystal symmetry, the structure factors (or integrated intensities),

the film strain, and finally the thickness and uniformity of the silicide films.

4.3 Crystal Symmetry of the Films

We used searches for the points of maximum intensity to determine the locations of film
Bragg peaks. This differentiated two groups of samples: the unannealed films with differing
stoichiometries, and the 1:2 stoichiometry silicide films annealed to 630°C.

For the unannealed films, the locations of the film Bragg peaks determined the lattice
symmetry to be rhombohedrally strained cubic, with the strain axis perpendicular to the

interface. The reflections will be indexed in this chapter as simple cubic. However, not all



the Bragg reflections at face-centered cubic (fcc) positions were seen, which immediately
rules out the CaF, structure found in other silicides such as NiSi, and CoSi,. So, although
the sets of unannealed films were grown with differing stoichiometries, each silicide film has
a simple cubic symmetry with a lattice parameter about half that of substrate, implying
the CsCl structure for the reasons stated above. Scans in momentum transfer parallel to
the (111) interface (q)) through the film Bragg peaks determined the quality of the single
crystal epitaxy to the substrate crystal Si(111). The film Bragg reflections were found to be
commensurate with the substrate reflections, meaning each film’s lattice constant parallel to
the epitaxial interface is matched to the corresponding substrate lattice constant. Because
of the (111) orientation, the Si substrate projection onto the interface is a 2-D hexagonal
lattice, which is matched to that of the films. The orientation of the unannealed silicide
films to the substrate is [111]gm || [111]s; and [21T]gim (| [112]si- The film lattice is not a
simple continuation of the substrate, but rotated by 180° along an axis parallel to (111);
such a rotation is allowed by the hexagonal symmetry of the interface and is usually called
“B-type”.

These crystal symmetry results were essentially the same for all the unannealed samples
(i.e. all stoichiometries), except to the extent that the strains were different (see below).
Because of the B-type orientation, the missing peaks were located in relatively empty regions
of reciprocal space, so an upper limit of 0.05 can be placed on the fraction of any ordered
fluorite phase that might have occurred.

In contrast for the annealed films, Bragg peaks besides the simple cubic reflection were
observed at half-order positions along the three (100) directions. As described in Ref. [62],
the tetragonal unit cell of a-FeSi, with three rotational domains provided a (112) plane and
pseudo-hexagonal interface symmetry that is consistent with the observed Bragg reflections.
The pseudo-hexagonal symmetry results from the c/a ratio being 1.9, instead of 2.0 (see

Fig. 4.1(e)). and thus the additional half-order peaks. q scans through the Bragg peaks
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determined the film domains to be commensurate with the substrate giving an epitaxy
orientation of (112), || (111)s;. The films were also strained along this axis perpendicular to

the interface.

4.4 Structure Factors

An immediate problem is presented to us in the fact that a range of unannealed samples,
with stoichiometries varying by a factor of two, shows the same CsCl crystal symmetry. As
explained in the introduction, this can be due to systematic disorder in the lattice and that
quantitative (crystallographic) analysis is needed to measure the behavior.

One sample from each of the 1:1 and 1:2 stoichiometric sets was chosen for crystallo-
graphic analysis. To obtain the integrated intensity of a reflection, the sample angle, w, was
scanned with the detector’s aperture set wide open (10x 10 mm). For each sample, all Bragg
reflections up to the diffractometer limit of 5.6 A~! were measured. Taking the square root of
the integrated intensities gives the structure factor for the scattering of a unit cell, to within
an overall scale factor for each sample. Symmetry equivalent reflections were combined into
an average structure factor for each data set. Fig. 4.2 and Fig. 4.3 display the measured
structure factor versus total momentum transfer. Each reflection is labeled in the cubic
representation of the silicide. Note that these are pseudo-cubic labels, because the strain
actual removes some of the symmetry, as can be seen by the different momentum transfer of
the two reflections marked (111) and (111). The (111) reflection is normal to the surface of
the silicide film while there are three inequivalent reflections (I11), (1T1), and (11T) which
are more parallel to the surface.

In each case. the general trend of the structure factors divides them into two groups of
reflections according to the selection rules of the cubic CsCl atomic structure of Fig 4.1(d).

This structure is similar to a body centered cubic (bcc) lattice except the corner sites and
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Figure 4.2: Structure Factors vs. total momentum transfer for 1:1 stoichiomet-
ric sample, no. 7001. Measured reflections are labeled in the silicide’s (strained)
cubic coordinates. The top and bottom curve are fits for the CsCl model for-
mulae F, and F_, respectively, with Fe occupation z = 0.88, and Debye-Waller
factor 0.33 A.
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Figure 4.3: Structure Factors vs. total momentum transfer for 1:2 stoichiomet-
ric sample, no. 1023. Measured reflections are labeled in the silicide’s (strained)
cubic coordinates. The top and bottom curve are fits for the CsCl model for-
mulae F, and F_, respectively, with Fe occupation z = 0.69, and Debye-Waller
factor 0.10 &.
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center sites are occupied by different atoms. Therefore, the larger structure factors correspond
to bec-allowed reflections with all the atoms scattering in-phase. The smaller reflections are
due to out-of-phase scattering of the different atoms. In a bcc lattice these latter reflections
are absent, but in the CsCl structure the different atomic scattering factors of the Cs and
Cl (or Fe and Si) results in a non-zero structure factor. These relative magnitudes of the
in-phase and out-of-phase reflections for the two samples are not the same.

To understand why two samples grown with different stoichiometries have the same sym-
metry, a simple model is constructed for comparison with the observed structure factors.
This model is FeSi in the CsCl structure with a stoichiometry dependence modeled by cor-
responding occupation of the Fe sub-lattice, i.e. Fe,Si. Only two different formulae for the
structure factors are needed as a function of the momentum transfer. The model structure

factor for the bec type or in-phase reflections is

Fy = A(zfee + foi) e 002 (4.1)
and for the bce absent or out-of-phase reflections it is

Fo=A(zfre = fs) e T2, (4.2)

To fit the model to the measured structure factors, three parameters are varied: r, the
occupation fraction for Fe atoms; (u?) , the Debye-Waller rms vibration amplitude for both
atoms; and 4, an overall scale factor that was not removed from the data. The atomic
scattering factors for Si and Fe are accurately known, including a dispersion correction for
Fe. The dispersion correction is needed because the fixed X-ray energy of 7.1 keV at beamline
X-16B is close (0.4 keV) to the iron K-shell absorption edge.

The curves in the Fig. 4.2 and 4.3 are the least squares fit for the model above. On a
logarithmic plot, the scale and Debye-Waller factors are represented as an overall displace-
ment and a parabola, respectively, to the fitted curves. The Debye-Waller parameters for the

1:1 and 1:2 ratio films are 0.33 £0.10 A and 0.10 £+ 0.05 4, respectively, which compares
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with 0.075 A for bulk Si [3] and 0.10 A for bulk Fe ! . The larger Debye-Waller factor for
the 1:1 grown film is believed to related its large strain and possibly larger lattice disorder.
A noticeable difference between the two samples is the ratio (or difference on the log plot)
between the in-phase and the out-of-phase structure factors. The spacing between the two
curves is accounted for by the occupation parameter, z, for iron. For the 1:1 stoichiometry
(Fig. 4.2), the best fit value is z = 0.88 +-0.13 , near the ideal FeSi(CsCl) structure. For the
1:2 stoichiometry (Fig. 4.3), the best fit value is z = 0.69 £ 0.08. This is corresponds to a
defect CsCl or Fe;®,_,Si structure with ® representing statistically random iron vacancies.
From the stoichiometry of growth conditions, one would expect the value of z = 1.0 and
I = 0.5, respectively. The structure factor data clearly shows a substantial vacancy presence
in the CsCl structure. A possible explanation of the discrepancy to the expected values is a
relationship to the film strain which will be discussed below.

We note that the model does not consider the substitution of Fe sites by Si atoms,
which could produce similar results, but is considered unlikely because such body-centered
Si atoms would need eight nearest-neighbor bonds to the surrounding Si atoms. The strain
measurements below also reject this hypothesis for either of the films.

Another model that was consider for the 1:1 stoichiometric film was the substitution of Si
sites (the body center sites) by Fe atoms. This structure is suggest by the known bulk alloy
of a-Fe and Si concentrations up to 10% [60]. This dilute alloy is known to have the similar
structure, where the Si atoms occupy the same bcc 8-fold coordinated site substitutionally.
The proposed model is the similar except the Si stoichiometry is up to 50% in an simple
cubic sub-lattice, as bcc sites in the Fe matrix lattice. As the Si stoichiometry is decreased,
Fe atoms then randomly substitute in for the Si sites. The model structure factors for the

same reflection above are

Fp = Alfre + ((1 = 2°) fsi + 2° fre)] e~ /2 (4.3)

!calculated from Debye temperature given in Ref. [4]
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F_o= Afre = (1 = 2°) fsi + £° fre)] e W)z, (4.4)

where z° is the faction of Fe atoms substituted in the Si bec sites. There are no vacancies
assumed in any lattice sites. The bulk Fe:Si stoichiometry ratio is 1 + z° : 1 — z° for this
model. The results of fitting this model to the measured structure factors for the 1:1 grown
stoichiometric film (no. 7001) are z* = 0.19 + 0.05, and u = 0.33 £+ 0.10 A for the Debye-
Waller parameter. The Fe:Si stoichiometry from this result is 60%:40% (Fe:Si), which is
farther from the nominal growth stoichiometry (50:50%) than the vacancy model’s result
above of 47%:53%. Although, both models fit the measured structure factors equally well
within the uncertainty. The substitution of Fe for Si sites model does have the iron rich
stoichiometry, which is in agreement with the Rutherford backscattering spectroscopy result
of 58%:42% (Fe:Si) for this film. The iron rich stoichiometry also agrees with the results from
conversion electron Mossbauer spectroscopy showing a minority of Fe chemical shifts from
8-fold coordination with Fe nearest neighbors (Si site substitution) [68].

We note this iron substitution model could also produce similar agreement to the measure
structure factors from the 1:2 stoichiometry silicide film. But, this is considered implausible
since the iron substitution and Fe rich stoichiometry is opposite to the growth condition which
are Si rich, and Fe poor. Also, the strain measurement below reject the Fe substitution for

the 1:2 films.

4.5 Strain

For strain and film thickness information, scans of the momentum transfer perpendicular to
the film, g, , were performed. We used index scans following the X-ray scattering intensity be-
tween the Si substrate Bragg peaks along the lines perpendicular to the surface. These scans
measure contributions from both the (commensurate) film and the substrate crystal: the

abrupt termination of the lattice leads to crystal truncation rods (CTR) extending between
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Table 4.1: Lists of results, atomic plane spacing, and in-plane coherence lengths
. The samples used for the structure factor analysis are listed first. No. 1059
is one sample grown in a two-step 1:1 process. No. 1066 is one of the annealed
1:2 grown samples, with the a-FeSi, structure. The uncertainty of the last
significant digit is in parentheses.

In-plane
Rhombohedral coherence
Sample No. Thickness (1) Fe,Si (CsCl) (dary) (A) distortion (%) length (4)

7001 270 z =088 (13) 1.630 (3) 3.8 (2) 2300
1023 105 =069 (8) 1.540 (6) -1.8 (4) 4200
1059 45 x=1 ¢® 1.640 (2) 45 (2) 1100
1066 40 n.a. (e-FeSi;) 1523 (16) ® -2.5 (10) 6700

*From growth conditions.
bd for (112) of tetragonal cell.

the bulk Bragg peaks in this direction [7, 6]. In each sample three or more Bragg reflections
from the film were sampled. In the film cubic lattice coordinates, these Bragg peaks are
indexed (100), (110), and (111). The Bragg peaks however did not position exactly at these
points, but were displaced along the direction perpendicular to the surface. As mentioned
above. all unannealed samples were found to have the same general cubic symmetry but
differences were present in the form of strain, or distortion from the cube. The annealed
a-FeSi, films are similarly strained if one considers a larger near-cubic unit cell with a’ = 2a.
From the scans in ¢, the precise position of the Bragg peaks was determined. Their average
gave the lattice spacing perpendicular to the interface. Table 4.1 lists the plane spacing d
for two samples used for the structure factor analysis and other representative samples. No
displacement of the peaks parallel to the interface was detected indicating the lattice spac-
ing parallel to the interface is the same as (half) that of the silicon lattice constant. The

rhombohedral distortion can be calculated from this by

a; —a
Ep = | (4.5)
a

90



where a is an estimated bulk lattice constant. The value of a was estimated from a L. ay.
and the elasticity constant of Possion’s ratio. o, taken to be 0.35. a value determined by
earlier Brillouin scattering measurements [69]; this is a very small correction however. The
resulting values for the rhombohedral distortion are plotted in Fig. 4.4 as a function of
film thickness. The drawn lines are only to bring attention to how the samples fall in three
classes: compressive strain or positive rhombohedral distortion, and tensile strain or negative
rhombohedral distortion for both unannealed and annealed. The tensile strained films are
the ones grown at the 1:2 stoichiometric ratio and the compressive strained films were grown
at the 1:1 ratio. From the strain calculations, the estimated bulk lattice parameter for the 1:1
films is about 2.78 A, which in close agreement to a theoretical (T = 0 K) value of 2.72 A for
FeSi (CsCl) in Ref. [70]. For the 1:2 disordered unannealed films the estimated bulk lattice
parameter is 2.69 A.

This difference in strain supports the defect CsCl structure model. As iron vacancies
are introduced into the CsCl structure, the average coordination for Si atoms decreases.
This generally results in a contraction of the lattice. Such a contraction with the decrease
in Fe stoichiometry would result in the compressive to tensile strain difference as shown
for the 1:2 grown films. The opposite would be expected if Si were substituting for the Fe
atoms. Silicon in iron sites of CsCl structure would produce an expansion from the increased
coordination of the Si, in contradiction to the measured results. As mentioned above the
strain could explain why the determined Fe stoichiometry (from the structure factor analysis)
was different from the expected growth stoichiometry: large stoichiometry extremes would
result in larger extremes in strain. Partial adjustment of the stoichiometry (maybe involving
the substrate) to relieve strain would cause the final value to be closer to the (nominal)
intermediate value of a completely relaxed film. More experiments are needed to answer this
hypothesis and questions it raises, such as, how stoichiometry and strain are related in these

svstems.

91



sk —
—_— 6 -
el e .
~ - 1:1 grown films
S af_| - *
'-_E e R .----I --------- |
s r @
L oL
(@)
s !
8 T A
< I
o) o I *..
2 2 a
<E3 1:2 grown films
9 I
m -4 | == gy o- FeSiz
L i 5 1 1 1 ’l,l i
0 50 100 150 250 300

Film Thickness (A)

Figure 4.4: Rhombohedral distortion of silicide films vs. film thickness. The
solid squares are for films grown with 1:1 Fe to Si stoichiometry. The solid
circles are for the two step 1:1 grown films. The open triangles are unannealed
1:2 grown film. The open circles are for annealed films grown with 1:2 sto-
ichiometry (and found to be a-FeSi;). A positive distortion corresponds to
compressive strain. The lines are drawn only to aid the eye. The two samples
used for the structure factor analysis are marked with asterisks.



With regards to the other model (Fe substitution in Si sites) for the 1:1 grown film. the
strain results also agree. Again the Fe substitution forms a familiar bulk a-iron complex. The
bulk bee Fe lattice constant is 2.87 A[4], larger but close to the estimated lattice constant for
the 1:1 FeSi (CsCl) film. This small Fe substitution in the 1:1 FeSi film is expected to increase
the average lattice constant of the film, agreeing with the observed compressive strain. But
for the 1:2 film, Fe substitution would have the similar effect as the Si substitution argued
above, and opposite the observed tensile strain.

The third set of points on Fig. 4.4 show that the effect of annealing is apparently to
increase the strain in the 1:2 grown films. This is understood to be due to the ¢/a ratio
of 1.9 instead of 2.0, however. These annealed flms have a tetragonal structure so they no
longer have a simple rhombohedral strain. Taking the bulk a-FeSi, lattice parameters 2 |
the near-cubic unit cell volume is 7.3% smaller than Si, consistent with the -3.7% linear

contraction observed.

4.6 Thickness and Uniformity of the Films

The g, scans also show thin film oscillations (Laue fringes) to the sides of the Bragg peaks.
A least squares fit to the oscillations from some of the samples was possible using a theory
described in Ref. [72]. The theory considers a discrete distribution of film domains with thick-
ness Nd. The total scattered amplitude is then the sum of the individual domain amplitudes

over this distribution:
1 - eiq_LNd

Toemd (48)

N

. The structure factor F(q) includes the atomic structure of the film and therefore the
transverse momentum dependence. Assuming a binomial distribution for Py, the sum can

be performed analytically. The sum is analogous to the moment generating function for

2a = 2.69 and ¢ = 5.13 A. [71]
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this statistical distribution. A binomial distribution can be justified since it approaches a

Gaussian distribution in the continuum limit. Squaring the amplitude gives the intensity

function as :
(1-a)® + tasin? [Nd(q. — ¢) /2
I=|F(g= = | ] (4.7)
sin® (g, d/2)
where we have used the following definitions:
8
a = [1 - 4¢(1 - ¢) sin® (904/2)] 7, (4.8)
1 esin(g, d) ,
¢= g aretan (e cos(qid) +(1 —¢) /)’ (4.9)

N =M/1-¢ and € = s?/M. These quantities relate to physical quantities describing the
films: the mean film thickness is Md and the roughness is sd. Thus from the fringe spacing,
an accurate determination of thickness is obtained as well as an estimated roughness or
variation of the film thickness. An example of the data is given in Fig. 4.6 where the curve
is the best fit for a film thickness of 89 A and a roughness of 7 A. The growth conditions
indicated a thickness of 70 A. Some silicide samples had more complicated peak shapes
probably due to strain gradients that could not be fit by this simple model.

Table I lists the in-plane coherence length for some of the film samples. Using cross-section
scans through the film Bragg peaks along a direction parallel to the interface, the in-plane
coherence length was determined from the peak’s full width at half maximum (FWHM) by

[=— 2T 4.10
~ Agq(FWHM) (4.10)

For all samples the coherence perpendicular to the interface is limited to the thickness of the

films, as demonstrated above.

4.7 Conclusions

We have determined the structure of iron silicide films grown at room temperature on a

Si(111) substrate. The films grow pseudomorphically and commensurate in the (111) plane.
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for a thin film of thickness 89 A and a roughness of 7 A.
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The film Bragg peak positions and the absences of other peaks determine the film structure to
be that of the cubic CsCl structure (space group Pm3m) with about half the unit cell of the Si
substrate for all the unannealed samples. The total absence of peaks at the positions of a fcc
lattice informs us that there is no CaF'; phase (space group Fm3m) even for 1:2 stoichiometric
samples. The CsCl structure agrees with TEM diffraction and RHEED experiments [55, 56].

Although unannealed samples show exclusively the symmetry of the CsClI structure,
there is a pronounced strain effect as the stoichiometry is varied, as seen in the figure of
rhombohedral distortion. The rhombohedral distortion changes sign between the different
extremes of stoichiometries. This is correlated will a clear change in structure factors. Unlike
the previous TEM and RHEED experiments, our structure factor measurements allow us to
determine the atomic occupation within the lattice. This constitutes the strongest proof so
far of a vacancy model with partially occupied Fe sites in the CsCl structure. Therefore, a
better notation for the composition of this silicide would be Fe,®;_,Si with 0.5 < z < 1
for the fraction of Fe. The iron vacancies are represented by open circles in the disordered
CsCl structure in Fig. 4.5. By randomly removing up to half of the Fe from the CsCl silicide.
the average local symmetry is not changed, but change is clearly seen in the comparison
between structure factors, and is also consistent with the rhombohedral distortion data. If
the Fe vacancies were in fact ordered at z = 0.50, the resulting structure would be the CaF,
structure (Fig. 4.1(c)). Although not present in any of our samples, this has been seen with
TEM on thin films of 1:2 ratio iron silicide that are annealed slowly and transformed to
islands of v-FeSi, (CaF; structured) phase [55]. This chapter’s conclusions are consistent
with the idea suggested by the TEM experiment, that the as-grown 1:2 stoichiometry films
are a disordered, but can become ordered upon annealing.

Other recent studies confirming the Fe vacancy model for the 1:2 stoichiometric films have
been from x-ray absorption and Méssbauer spectroscopy experiments. Both methods probe

the local structure around specific atoms. The conversion electron Mssbauer spectroscopy

96



Figure 4.6: Lattice representations for (a) FeSi (CsCl structure), and (b)
Fe;®:-.Si (disordered CsCl structure). The smaller and larger spheres repre-
sent Fe and Si atoms, respectively. The open circles in (b) represent disordered
Fe vacancies.

97



study by Fanciulli et al. reports a series of 6 chemical shifts for the 6 different possible
coordination sites of Fe atoms and the surrounding second nearest neighbor shell of Fe
atoms and/or vacancies [73]. Similar, a x-ray absorption fine structure (XAFS) study found
lowered coordination numbers for the Si and Fe atoms then the expect bonding coordination
in an ideal CsCl structure. [74]. Again confirming the model of vacancies in the Fe sites

surround the Si atoms, not Si substitution for the 1:2 stoichiometric iron silicide films.
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