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For the atoms at clean surface of crystal, the atomic bonding environment is
very different from that of deep inside bulk crystal. This fact forces those atoms to
rearrange themselves in such a way that reconstruction occurs with the total energy
being minimized. Reconstruction also takes place when foreign atoms are deposited
on a clean surface. This strain experienced by individual atoms will propagate into
a bulk crystal down to a few layers, sometimes even to several layers. Using x-ray
diffraction, the positions as well as thermal vibrational amplitudes of these strained
atoms can be determined. In the first part of this thesis, we present the surface
reconstruction and a strain analysis of Sb/Si(111) using synchrotron radiation x-ray
diffraction.

Another case when we can observe macroscopic strain is heteroepitaxial film
growth. Even though there is lattice mismatch between substrate and film, pseu-
domorphic film growth is usually possible at the initial stage of growth, so the film is
grown under strain. However, it becomes energetically favorable to introduce misfit
dislocations above a certain thickness of film growth, which is called a critical thick-
ness. In this case, strain is considered in the continuum elastic sense, defined by the
lattice constant of the material. From measurement of the positions of multiple Bragg
reflections, accurate values of lattice constant can be obtained using x-ray diffraction
as a function of film thickness and a critical thickness can be determined. The sec-
ond part of the thesis is a study of IIl-nitride thin films grown on sapphire (0001)

substrate with molecular beam epitaxy. Irradiation experiments were also performed
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to investigate whether strain relaxation takes place in SiGe films and GaN films to

look for indications of metastability.
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Chapter I. Introduction

One of the most powerful feature of physics is that it can explain and predict
many different phenomena using different models on the basis of a few fundamental
principles. Once an interesting problem is observed, a model is proposed to explain
it and changes on the model are made until it is successfully applicable to the prob-
lem. Ever since atoms were known as building blocks of nature in one sense and are
arranged in such a beautifully organized way that some materials are crystallized, it
was found that those atoms bond one another in such a way that a total energy of the
system is minimized. In this case, the governing principle of a periodic arrangement
of atoms is energy minimization. The ways atoms arrange themselves periodically
in crystalline matters depend on the properties of elements and many properties of
crystalline materials are closely related to the periodicity of the constituents. There-
fore, it is of significant importance to have knowledge of a structure before pursuing
to investigate other properties of the material.

The configuration of atomic arrangement in crystalline material changes whenever
there are introduced a different environment around atoms in which we are interested.
For example, surface atoms of bulk crystal experience totally different bonding envi-
ronment in contrast with those deep inside bulk because they face into the air so that
they rearrange themselves in order to minimize a total energy. This is called surface
relaxation. If foreign species are deposited on a surface, they will sit on energetically
favored places with relaxation of existing surface or a few deep layers. That is called
surface reconstruction. These are among strain relaxation mechanism controlled by
energy minimization from a microscopic point of view. By a microscopic point of
view, we mean that we are interested in atomic arrangement of each atoms at the

surface and several layers below it.



Likewise, we can extend the concept of strain relaxation when we are concerned
only with macroscopic physical quantity such as lattice constant. This can be eas-
ily visualized with growth of lattice mismatched films. In other words, when lattice
mismatched film is grown on a substrate it could be grown either pseudomorphically,
accommodating the lattice mismatch in the form of elastic strain energy, or incom-
mensurate by introducing misfit dislocations. It is determined by energy minimization
whether dislocations will be introduced to accommodate misfit. Sometimes, a system
of thin film is not at the minimum of total energy due to other controlling factors
such as kinetic effects. It depends on each system whether it will be equilibrated at
minimum energy. Due to the reasons mentioned above, understanding of strain re-
laxation of crystalline materials is of interest from the physics point of view. Growing
demand of device industry, which exploits various properties of epitaxial thin films,
made this area of technological interest, too.

With capability of controlling atomic levels of deposition such as in molecular
beam epitaxy (MBE) or chemical vapor deposition (CVD) techniques, we are able
to study surfaces with adsorbates or interface structures of two different material in
a sense of strain analysis. Since every material has its own lattice constant, it is
no wonder that when we deposit on a substrate a different element we expect strain
near interface of two materials. Depending on how large the lattice mismatch is, the
strain propagates quite far inside each material or just a few layers. Therefore, more
demands for thin film industry requires more intensive knowledge of this area. And
it gives importance of understanding that strain of thin films are one of the main
factors controlling electronic and optical properties of the films.

To investigate those properties of strained or relaxed materials, a lot of analysis
tools have been used and x-ray diffraction is one of them. In the past x-ray diffraction

was not widely used in surface science until the advent of synchrotron radiation source



because the intensity from surface layers was too low to detect with a conventional
table top x-ray source. However, synchrotron x-ray source made it possible to study
a surface structure of even a sub-monolayer. X-ray diffraction has a couple of unique
advantages over other surface analysis tools. First of all, it does not interact much
with material. In other words, the scattering cross section is so small that we can
easily analyze diffraction data. As is clear from the previous sentence, it does not
destroy samples, either. In addition to these, x-ray diffraction can be used not only to
pin down the positions of individual atoms on a surface with appropriate reciprocal
space measurements but also to measure the strain averaged over the film.

In this thesis, I present an investigation of strain relaxation of crystalline materials
using the x-ray diffraction method. Strain relaxation of metal atoms on Si substrate
will be analyzed in terms of the detailed atomic arrangement at and near the surface.
Macroscopic analysis of strain relaxation of SiGe films and III-nitride films will also

be given, which show two very different behaviors of strain relaxation.



Chapter II. Theoretical background
2.1 Fundamentals of X-ray diffraction][i]
2.1.1 Bragg peaks from bulk

The physical quantity we measure experimentally in an x-ray diffraction experi-
ment is the intensity of x-rays diffracted from a material under investigation. Rigor-
ously speaking, the x-ray is mostly diffracted by the electrons in a material. Therefore,
by x-ray diffraction experiment we would like to know an electron distribution in a
material. In the following section, we are going to explain how we can relate a physical
quantity we measure with the electron distribution.

For simplicity, we consider an amplitude instead of an intensity from now on.
First of all, we consider the amplitude scattered from one electron. From the general
textbook of electromagnetic waves, we can find the Thompson formula[2, 3] which
describes the amplitude of the wave A; that comes from a scattering electron at r,,
as a function of the amplitude of the wave A, as shown in Eq. (1), assuming a dipole

approximation,

62

Ajexp(—iks - ro) = Acexp(—ik; - re) (1)

mc?R,
where e and m are the electrons charge and mass, ¢ speed of light, R, distance
between a scattering source and a detector, k¢ and k; are the wave vector of outgoing
and incoming waves, respectively. So,
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Ay = Ao———
! mc2Re

exp(iq - re) where q = ky — k; (2)

By integrating the electron density of an atom we can obtain the diffraction amplitude
from an atom,

2
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= Aomf(Q)eXP(iQ' (Rn +17)) (3)

where an atomic form factor,f(q), is given by f(q) = [ p(r')exp(iq - r')d®r’. In other
words, the atomic form factor is just a Fourier transformation of electron density of
an atom. Note that the atomic form factor is written as a function of the magnitude
of the momentum transfer, independent of direction, because in almost all cases the
atom is spherically symmetric.

By summing up contributions from all atoms inside a unit cell, we can get an
amplitude from a unit cell. Note that we should label form factors from different
elements inside a unit cell since usually there are different elements inside a unit
cell.

62

N¢
Ag = Aom j;f}(cz)exp(iq (R +17))

2

€ .
= A, T F(q)exp(iq - Ry) (4)

Ne
where the structure factor, F(q), is defined by F(q) = Y fj(¢)exp(iq - r;). The final
i=1

J:
step is to consider a whole crystal.

N; N2 Ng

F(a) Y. > > exp(iq- (ma; + nyay + nsaz)) (5)

ni=1 n2=1 n3=1

A, = A,
4 chR

Now we introduce a very useful concept of reciprocal lattice. If we choose unit vectors

for real space as aj, as, a3 we can define reciprocal lattice vectors by, bs, b as below.

b, = QW&, by, = 27&, by = 27‘['& (6)
aj - (3_2 X 3_3) aj - <3.2 X 3.3> aj - (3_2 X a3)
If we define q = hby + kbs + (b3
N; Ny 2
Ii(q) = A02 1 — =3 |F( Z Z Z exp(iq - (j1a; + joas + jsas))
*c R 1 jo=1 js=1
j1=1 jo=1 j3=
_ A2 et |F(q)|gsin2(N1a1h7r) sin?(Nyaghm) sin?(Nsaszhm) )
® m2c*R2 sin?(a;hm)  sin?(aghm)  sin?(aghm)



If h, k, [=integers,
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2
L(ho k) = A

|F(q)|°N1*N,” Ny 8)

These are Bragg peaks. As derived above, it is evident that the positions of Bragg
peaks in a reciprocal space are dependent on the lattice constants of material observed

and they can be easily measured from the Bragg peak positions.

2.1.2 Fractional order peaks and crystal truncation rod

In addition to the Bragg peaks which results from bulk property of material, there
could be more distribution of diffraction peaks in reciprocal space. As shown in Eq.(7),
if we average out the fast oscillation of numerators because in a real crystal N is a very
large number, there would be streaks of intensity connecting Bragg peaks. However,
in a real situation the faces of the parallelepiped illuminated by the x-ray beam is
not well-defined except by one surface. Due to that reason, the streaks of intensity
are mainly distributed near Bragg peaks and only one component of those streaks
remains along the surface normal direction. This is called a crystal truncation rod
(CTR) [4]. So, one of the ways to study surface roughness or other surface properties
is to measure CTRs.

There is one more contribution to diffraction we need to consider. Atoms in a
surface have a different bonding environment in contrast to those deep inside the
bulk. So, it is energetically favorable for them to rearrange themselves in such a way
that reduces the number of dangling bonds. This is called a surface reconstruction.
Since a reconstructed surface has a larger periodicity than that of bulk, it results in
fractional order diffraction rods between integer order Bragg peaks in reciprocal space.
In a similar way, if we deposit some foreign elements on a surface, they usually cause a

reconstruction so that we can observe fractional order diffraction rods in this case, too.
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Figure 1: Diffraction pattern from different dimensional systems.

Therefore, what we can usually observe in a reciprocal space is 1) Bragg peaks from
the bulk, 2) crystal truncation rods and 3) fractional order rods. In real experiments,
there is also diffuse scattering which comes from several different contributions such
as thermal vibration of atoms and defects distribution inside crystal. Depending on
what kind of information we want to know, we determine which of the above we will
concentrate on. Note that fractional order rods contain information of only surface
reconstruction, but crystal truncation rods need to be measured to know the registry

of surface atoms with respect to bulk atoms. In Fig. 1, three different diffraction
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Figure 2: Typical CTRs with different surface configuration.

patterns are illustrated with corresponding crystal structures.

Now we consider the case when the surface is not perfectly bulk-terminated. For
example, if the top layer of the surface is expanded, as shown in Fig. 2, the dashed
curve is the CTR which we would observe. Due to the phase factor of the top
expanded layer, the CTRs near Bragg peaks get asymmetric. The case shown in
Fig. 2 is when the top layer expanded 10 %. If the top layer is contracted, it also
gives asymmetric Bragg peaks, but the dip due to the modulation occurs below the
Bragg peak. Another case when the CTR is altered results from surface roughness.

A simple model of statistical roughness was proposed by Ian Robinson[4] and worked



quite well in many cases. In his model, roughness is parameterized with 3 which is
a occupation probability of the first layer on top of the perfectly terminated crystal.
Then, the probability of the second layer, the third layer and so on are given by (32,
33 ... . Therefore, the CTR including surface roughness can be calculated as in
Eq.(9), where I,(q - ag) = 1/4sin?(q - a3/2). The dotted curve in Fig. 2 is a example
of surface with a roughness of § = 0.2. However, this derivation is only true for a
rough surface with unit cell high steps. In other words, if the unit cell consists of two
atomic layers and the step is not a unit cell in height but an atomic layer, then the

formula will not be a simple expression like Eq.(9).

2

0 [e'¢)
Ictr,rough(q ' a3) o8 Z eXp<Zq ’ ja3> + Z ﬁjexp(iq ' ja3)
j=—00 =1
_ L Gewlia-ay)
I~ exp(—iq-ag) | 1 - fexp(iq - as)
1 — 2
~Laulqag) oy o) ()

1+ (2 — 2fBcos(q - a3)
An alternative roughness model has been proposed,[5] using a Poisson distribution

with parameter A rather than geometric. In that case, the intensity is given by

. -a
Ictr,rough(q : a3) X Ictr(q : a3)exp(_4)‘81n2(q 9 3)) (10>

where a standard deviation of roughness is o = V/\.
2.1.3 Algebra of orientation matrix

In this section, we briefly show how a least-squares fit works to construct the
best reciprocal lattice from multiple Bragg peaks measurement. In order to make the
explanation easier and since it is true that it is always possible to convert diffrac-
tometer angles to Cartesian coordinates, here we use Cartesian coordinates to locate
Bragg peaks in the reciprocal space. Now consider we have n Bragg peaks which

have indices (usually integers) of v;;, where i runs from 1 to 3 and j from 1 to n.
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These form a matrix, Y. Their Cartesian coordinates in the reciprocal space are z;;,
where i and j run from 1 to 3 and n, respectively. Note that we fix and use some
reference coordinate system to locate the Bragg peaks from the beginning, which is
defined relative to the zero’s of the diffractometer angles by Busing and Levy[6]. If
n is 3, there exists a unique 3x3 matrix A so that Y=AX. A is a transformation
matrix which relates our reference coordinate system and the one we would like to
define. In other words, it transforms the unit vectors from one coordinate system to
those of the other. If n is larger than 3, there will not usually exist a matrix which

satisfies Y=AX. So, our goal is to find a matrix A with known matrices X, Y which

minimizes
A= Z Z ALk — yzj (11)
j=1l1i=1 k=1
So,
n 3 n 3
= ZZ Zalkxky Yij)OipTqj = Z Z ApkThj = Ypj)Tqj = 0 (12)
aapq j=1:=1 k=1 7j=1 k=1
which is in a matrix notation
AXX"T =YX (13)
Therefore,
A =YXT(XXH (14)

Note that an inverse of X has no meaning since X is a 3xn matrix. We can calculate
the lattice constants from a transformation matrix A because unit vectors of a recip-
rocal space have one-to-one correspondence with those of a real space. More details

can be found in reference|6].

2.1.4 X-ray diffraction geometry

In our x-ray diffraction experiments, four angles, 26, 6, x and ¢, are used to control

the sample orientation and detector position. Since only three Eulerian angles are
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Figure 3: Schematic diagram of diffractometer angles. Incident and exit angles are
also shown.

enough to determine a general orientation and the length of ¢, one of four angles is
not needed and can be constrained. In our case, the incident and exit angles are set to
be equal for constraint. These angles are determined with some of four diffractometer
angles and are derived in the following paragraph.

In Fig. 3, a Cartesian coordinate is fixed and the surface normal vector moves as

a function of 6 and x. The surface normal vector is defined by

n = x cosy + y siny sinf + z siny cosf. (15)
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And the incident angle, «, is determined by
a=7/2—cos '(n-y)=sin"! (sin@ sinx). (16)
And in the same way, the exit angle, 3, is determined by

B =m/2—cos (n - (z sin20 — y 00829))

= sin™!(sin26 siny cos — cos26 sinx sinf). (17)

Note that, when a sample surface lies flat on the diffractometer ¢-axis, the condition
of the same incident and the exit angle is equivalent to the condition that the 26

angle is twice as large as 6.
2.2 Theory of strain and dislocations

When a lattice mismatched film is to be grown on a substrate, there are typically
two ways to accommodate the misfit between the film and the substrate: by elastic
strain and misfit dislocations. The total energy of elastic strain is proportional to the
thickness of a film multiplied by square of strain. On the other hand, the energy of
dislocation is at the first order approximation proportional to misfit only, representing
the dislocation density Due to these different dependence of energy of two types, at the
initial stage of growth it is energetically favorable to accommodate a misfit by elastic
strain only. So, the film is pseudomorphic. However, at a certain thickness it becomes
the lower energy configuration to accommodate the misfit with combination of elastic
strain and misfit dislocations, rather than elastic strain alone. The thickness where
misfit dislocations are introduced is called a critical thickness and this is schematically
shown in Fig. 4.

Dislocations are produced by slip of the most densely packed planes. A vector
of such a slip displacement is called a Burger’s vector which is the most important

quantity associated with a dislocation. When a Burger’s vector is parallel with the

12



Figure 4: Epitaxial film growth below and above the critical thickness.

line of associated dislocation, it is a screw dislocation. When perpendicular, it’s an
edge dislocation. Depending on crystal systems, dislocations are on different crys-
tallographic planes. For example, in FCC crystal the major operative slip system is
{111}<110>, where {111} is the slip plane and <110> is the slip direction. The slip
system and the Burger’s vector is schematically shown in Fig. 5 and a plan view of
them is shown in Fig. 6. More comprehensive theory of dislocations can be found in
other references|7, §]

Now we consider how to formalize a model to analyze macroscopic strain relaxation

in thin films. From elementary elasticity theory the strain energy per unit area is
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Figure 5: Typical slip plane and dislocation system in Si(001).

proportional to h(a, — a)?, where h is a film thickness, a, is the lattice constant of
the completely relaxed material of the film and a is the actual lattice constant of the
film. Assuming that the effective range of the dislocation field is constant, the energy
due to dislocations depends on their density alone, which is proportional to (a — ay),
where a, is the in-plane lattice constant of the substrate. Then, the total energy of

the strained film is given by
E = ah(a —a,)? + B(a — ay) (18)

where o and (3 are constants. In our work, we use an equilibrium theory to explain

our experimental results. The basic assumption of the equilibrium theory is that the
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Figure 6: Plan view of typical 60° type dislocation and Burger’s vector of Si. Surface
normal is (111).

film is in a mechanical equilibrium state. For the system to be in equilibrium, this
energy should be a minimum: 0F/Jda = 0. Then, to obtain the value of h., the
critical thickness, we simply need to consider a = ag. Setting 0F/da = 0 also gives a
relation between h and a so long as a > a,. At a = ag, h is equal to h. below which
the film is pseudomorphic and a will have the same lattice constant as the substrate.

The derived relation between a and h from Eq. (18) is

(as —a) (19)

The method we have used to determine h. experimentally is to fit lattice constant

data for thicker films, and use Eq. (19) as an extrapolation formula.
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Now we consider the total energy more rigorously. The elastic strain ¢ depends
on the mismatch between a film and its substrate, m, as well as the average number

of dislocations present at the interface[9]. The relationship is given by

b/
m=le| + — (20)
p
where m = (a, —as)/as, |€| = |ao — al/ao, as is the lattice constant of the substrate, b’

is the active component of the Burgers vector and p is the average distance between
dislocations. Assuming ideal misfit dislocations we obtain the following expression.

(a — as)

b

~m— || &

(21)

Using the expressions from Kasper,[9] a better estimate of the energy of the disloca-

tions per unit length is given by

e (1)) -

where ¢ is the inner cut-off radius, given by[10] ¢ = 7b/(2v/2(1 — v)), m is the shear
modulus, v is the Poissons ratio, b is a Burgers vector. (@ is the effective range of
the misfit dislocation field, and has two limiting values that depend on the density of

dislocations, p

Q = p/2 when h >>p/2 (23)
p(4hp)

We will use another approximation, ) = hp/(2h + p/2), to interpolate smoothly
between the two limits of Kasper. This then applies over the entire domain of h.

With this approximation, the total energy of a film with thickness h is given by

E =~ a(a—a.)*h + Bla — as) (1 +1In (q;ﬁ%)) (25)

Following the same calculation we used to obtain Eq. (19), we find,

B % B i 1 (CLS — ao)hc
(6= ac)h = (1 o <61(p + 4h)> 7 o+ 4h)> <1 + m(zhc/Q)) -
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where p = ba./(a — as) as before. Since Eq. (26) is an implicit function, we must

solve it numerically to obtain a as a function of A.
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Chapter III. Strain propagation of Sb/Si(111) into
bulk

3.1 CTRs of Si(111)

Si has a diamond structure with a lattice constant of a = 5.43 A with cubic
symmetry (Fig. 7). At room temperature a (7 x7), so called DAS (Dimer Adatom
Stacking fault) reconstruction is the stable state of a clean Si(111) surface. In our
experiments, we chose a hexagonal coordinate system for Si(111) surface. Due to the
bulk symmetry of Si, the CTRs of Si(111) have three different shapes as a function
of I. As shown in Fig. 8, (1,0,]) type rods have Bragg peaks at [ = 1,4,..., (1,1,])
types have peaks at [ = 0,3,... and (0,1,]) types have peaks at [ = —1,5,.... Note

that (0,1,2) type Bragg peaks are forbidden.
3.2 Introduction to Sb/Si(111)

The surface reconstruction resulting from the adsorption of foreign atoms has been
one of the most extensively studied subjects in surface science because of the alteration
of electronic properties of the surface by adsorption, which attracts significant interest
from fundamental and technological points of view[11]. In particular, the surface
reconstruction of Si induced by Sb draws interest due to the technological importance
in the fabrication of Sb doped Si devices[12, 13, 14].

It has been reported that a clean Si(111) surface tends to form a (v/3 x+/3) recon-
struction by adsorption of group III metals (Al, Ga, In) [15, 16, 17]. In contrast, the
occurrence of a simple (1 x 1) structure by a column V metal, As, was reported[18].
Unlike As, a (v/3 x/3) reconstruction of Sb on Si(111) was observed from a low energy
electron diffraction(LEED) and x-ray photoelectron spectroscopy(XPS) study[19].

Since then many groups have studied the structure and a couple of structural models
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Figure 7: A unit cell of Si, which has a diamond structure.

were proposed. Abukawa et al. proposed a trimer model of “milk stool” structure
obtained from x-ray photoelectron diffraction study[20] and the same result was ob-
tained using scanning tunneling microscopy|[21]. Woicik et al., using back-reflection
x-ray standing waves and surface extended x-ray absorption fine structure, support
the milk stool model, too[22]. More recently, x-ray diffraction data was obtained in
favor of Abukawa et al.’s model[23]. Nakatani et al. had difficulty in determining the
structure of the system thoroughly from the data presented because the information
concerning the lateral adsorption site was insufficient. However, with further work

they were able to support the T4 model over the H3 model, but no detailed analysis
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Figure 8: Bragg peaks of Si in reciprocal space and CTRs.

was given with it[24].

In this work we investigated the detailed structures of a trimer and Si substrate
below it using in-situ x-ray diffraction. A wide range of reciprocal space was probed
to obtain information regarding lateral and vertical displacements of each atom. A
trimer model was confirmed by the Patterson function and the structural properties

of Sb and Si are presented.

3.3 Results and discussion

X-ray measurements were done with the five-circle diffractometer combined with

the molecular beam epitaxy (MBE) chamber[25](Fig. 9) on beamline X16A of Na-
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tional Synchrotron Light Source at Brookhaven National Laboratory. Two Si(111)
monochromator crystals were used to select 1.12 A wavelength x rays. The sample
was mounted inside the MBE chamber with the center of its face at the intersection
of the diffractometer axes. A position sensitive detector was used with a 2 mm x
10 mm slit, but no analyzer was used. The hexagonal unit cell was chosen so that
a =b=3939 A and a, b were parallel with [011] and [110], respectively. This
coordinate system was used for indexing the x-ray diffraction data.

In the MBE chamber, a clean Si(111) (7 x7) reconstruction was prepared by flash-
ing the Si sample prior to Sb deposition. The (7 x7) reconstruction was confirmed by
measuring the 1/7th order in-plane peak. Sb was evaporated from a Knudsen cell and
the 1/7th order in-plane peak disappeared as Sb was adsorbed on the clean Si(111)
surface. The appearance of a 1/3rd order in-plane peak assured that the (v/3 x v/3)
structure was rendered. While watching the intensity of the 1/3rd order peak (1/3,
1/3, 0.2) the preparation conditions, i.e., dose rate and sample temperature, were op-
timized for maximum intensity. It was found best to maintain dosing during cooling
of the sample from ~ 600 °C to ~ 400°C and only cease dosing after that. The recon-
structed surface stayed uncontaminated over the time scale of measurement with our
base pressure < 2x1071% Torr. For each data point, a scan of diffractometer angle
was done such that the integrated intensity could be obtained by subtracting the back-
ground intensity[26]. Data were collected along the surface normal direction for three
fractional-order and three integer-order rods. Fractional-order in-plane peaks were
measured to calculate the Patterson function. For reliability of data, measurements
were repeated for the symmetry equivalent positions and the integrated intensity was
averaged over each symmetry equivalent data point.

Shown in Fig. 10 is a Patterson function[27, 28] obtained from the fractional-order

in-plane peaks data set resulting from the (/3 x v/3) surface reconstruction. The six
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Figure 10: Patterson function of Sb (v/3 x v/3) structure on Si(111). Peaks are
identified with numbers corresponding to the inter-atomic vectors between Sb shown
in Fig. 11.

peaks in the Patterson function are predominantly Sb-Sb inter-atomic vectors in the
surface reconstruction, consistent with a simple triangular arrangement of heavy Sb
atoms, such as exists in the “milk stool” trimer model[20]. This is one of the clearest
evidences of a trimer obtained from x-ray diffraction data. Therefore, we started our
fitting model with one trimer of Sb atoms in the (v/3 x/3) unit cell (Fig. 11).

The numbered peaks in the Patterson function are associated with the inter-atomic

vectors labeled in Fig. 11. The location of the center of the trimer is not determined
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Figure 11: (v/3 x/3) surface reconstruction of Sb on Si(111). Solid, hatched and
hollow circles represent Sb, the first layer and the second layer of Si atoms, respec-
tively. Lateral displacements from the ideal positions for the first layer of Si atoms
are shown. dis for Sb atoms is a absolute distance, not a displacement. Inter-atomic
vectors between Sb are also shown corresponding to six peaks in the Patterson func-
tion.

from the Patterson, and both T, and Hj sites are possible while maintaining the
full surface symmetry. Our fit was in favor of a Ty site with x? = 3 compared with
x? = 12 in the case of a Hj site, which is in agreement with the result obtained in
Ref. 23.

In Ref. [21], Martensson et al. calculated the displacements of Sb and surface
layers of Si atoms of the fully relaxed trimer structure through minimization of the
Hellmann-Feynman forces at T = 0. Their results are listed in Table 1. In their cal-
culation, they obtained the same displacements for all the atoms in the second(third)

Si layers and all three layers were displaced downwards with respect to their ideal
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Figure 12: Side view of Sb adsorbed Si(111). Vertical displacement vectors are shown
for the first three layers of Si near surface.

positions. The distance between the first and second layers of Si was dog = 0.874 A,
that between the second and third ds; = 2.411 A. The second and third layers of Si
atoms each have two symmetry-inequivalent atom positions. Fig. 11 shows these sites
in the second layer, Si(2), directly below the Sb trimer, and Si(3). Symmetry prevents
lateral displacements of these atoms, but their vertical displacements do not need to
be the same amount or even in the same direction. So, for the second(third) layer of Si
atoms two independent parameters ds, dg (07, dg) were used for vertical displacements
in our fitting model as shown in Fig. 12. Previous experimental results from Ref. 23
and our results are shown next to Martensson et al.’s in Table 1. It turned out that

the displacements of d4 and 07 of Si atoms were upward and J5, dg, 0g downward, with
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Table 1: Displacement parameters used for a least-squares fit. Also shown are thermal
vibration amplitudes ¢ = v/ <u?> for Sb, the first three layers near surface, Si(S),
and bulk Si below three layers, Si(B). Numbers are all in A units.

Our work Ref.[21] Ref. [23]

T 1.688 £ 0.003 1.63 1.63
di2 2.437 £ 0.017 2.51 2.63
P 0.123 £ 0.014 0.06 (-0.18)
04 0.048 £ 0.009 -0.07 .
5 -0.127 £ 0.030  -0.16
6 -0.028 £ 0.017  -0.16
o7 0.027 £ 0.020 -0.10
Js -0.011 &= 0.008  -0.10
gsp 0.25 £ 0.007

osi(S)  0.15 £ 0.007

0si(B) 0.08

dos = 0.918 A and dsy = 2.266 A. With all these displacement parameters, thermal
vibration amplitudes of atoms were included in our fitting model and their values
are shown Table 1. In general, the thermal vibration amplitude of surface atoms is
bigger in the surface normal direction than in the surface parallel direction, but an
anisotropic thermal vibration amplitude in our fitting model didn’t make any notice-
able change in the fit. Therefore, we assumed isotropic thermal vibration amplitudes
for all atoms. Our result of thermal vibration amplitude, o = 0.25 A, for Sb is a large
value but also comparable with those obtained from other cases such as 0.12 A for Si
on Si(111) (2x 1) and 0.16 A for Sb on Si(100)[29, 30].

Fig. 13 shows our experimental results and fits of the integrated intensities along
three fractional-order rods and three integer-order rods, and Fig. 14 for the fractional-
orders alone. The bond lengths between Sh-Sb, Sb-Si and Si-Si are listed in Table 2.
Lateral and vertical displacements of Sb adatoms as well as the first three layers of

Si atoms were taken into account. The bond length 2.92 A between Sb-Sb on Si(111)
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Table 2: Bond lengths between atoms near surface in A. Numbering of Si atoms is
shown in Fig. 11.

Our work  Ref.[21] Ref.[23]
Sb-Sb 2.92 £0.01 2.82 2.82
Sb-Si 247+ 004 (2.57) 274
Si(1)-Si(2) 2.30 £0.05 - :
Si(1)-Si(3) 2.4 £ 0.05

is a bit larger than the previous determination [23].

There now exist multiple experimental and theoretical determinations of the Sb-
Sb bond length on both Si(111), where a trimer is formed, and on Si(100) with a
dimer. These are summarized in Table 3. The covalent bonding is very different
between the two cases, with 60° angle in the trimer and approximately 90° in the
dimer. A corresponding trend in bond length might be expected by analogy with
inorganic compounds of phosphorus in the same chemical group V: the best example
we found was compounds of phosphorus and sulfur which formed molecules with
analogous structures to the dimer and trimer. In the P4S; molecule, P is in a very
similar geometrical position as Sb on Si(100) and has a P-P bond length of 2.33 A
[37]. On the other hand, in the P4S3 molecule, P is in a covalently-bonded trimer,
like Sb on Si (111), and has a P-P bond length of 2.24 A [37]. So, the bond length is
actually decreasing from dimer to trimer structure. The experimental data for dimer
and trimer configurations of Sb (Table 3) do not concur with this apparent trend for
P. The almost identical Sb-Sb bond length on Si(100) and Si(111) may be due to
metallic behavior, which has been seen in photo emission experiments on Sb/Si(100)
38].

For the integer-order rods, the fit is almost perfect and well describes even the very
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Table 3: Previously measured Sb-Sb bond lengths in A in Si(100) and Si(111) with
different techniques.

Si Sb-Sb Ref.
X-ray standing wave (100) 2.75 £ 0.06 [30]
X-ray standing wave (100) 2.81 £ 0.09 [31]
SEXAFS (100) 2.88 £ 0.03  [32]
Ion channeling RBS  (100) 2.80 £ 0.10 [33]
X-ray diffraction ~ (100) 2.85 £ 0.01 [34]
LDA cluster theory (100) 2.93 £ 0.05 [35]
LDA slab theory  (100) 2.96 [36]
SEXAFS (111) 287 £ 002  [22]
X-ray diffraction  (111) 2.82 [23]
X-ray diffraction  (111) 2.92 £ 0.01 Our work
LDA theory (111)  2.82 21]

detailed structures. However, for the fractional-order rods the fit deviates from the
data points. Anisotropy of the vibrations was found not to account for the differences;
we did not try an anharmonic model, so this remains a possibility. We tried many
variations in our model to fit the fractional-order rods. Since the peaks observed
along (4/3, 1/3, L) and (5/3, 2/3, L) rods are 3 reciprocal lattice units away from
the main peak, one variation we tried was to add more (fractionally occupied) layers
of Sb on top of the original model we used. Others were to change the occupancy of
the first and second layer of Si atoms or to substitute Sb for Si in the first layer, but
none of these attempts improved the result.

In summary, we studied Sb adsorbed Si(111) surface using x-ray diffraction.
Through the Patterson function the (v/3 x v/3) reconstruction was clearly identi-
fied. Detailed atomic displacements down to the third layer of Si were obtained.
Contrary to a previous result, the first and half of the third layer of Si atoms were

found to move upwards. Even though the thermal vibration amplitude is anisotropic
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Figure 13: Integrated intensities of fractional and integer order rods.

in general, a least-squares fit with isotropic thermal vibration amplitude model was

good enough to explain our experimental results.
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Figure 14: Integrated intensities of fractional-order in-plane peaks. The radii of
solid and hollow semi circles are proportional to measured and calculated integrated
intensities, respectively. Experimental errors are represented as outer shells of solid
circles.
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Chapter IV. Strain analysis of GaN thin films
4.1 Introduction

GaN is a compound semiconductor with an Wurtzite structure (Fig. 15) and has
a wide band gap of 3.4 eV. A Wurtzite structure is commonly observed for GaN,
AIN and InN, but each can also crystallize in a metastable zincblende structure[39).
By alloying with Al or In, the energy band gap can be varied between 1.9 eV and
6.2 eV ranging from blue to ultra violet region. As wide band gap materials have
recently drawn much attention with increasing demand of short wave length optical
devices, high power and high temperature electronic devices, much effort has been
made to grow high quality epitaxial films and to understand the properties of these
materials[40, 41]. The physical properties of III-nitrides are summarized in Table 4.

Most substrates commonly used to grow GaN epitaxial layers such as sapphire
and SiC have such a sizable lattice mismatch with GaN that introduction of a AIN
buffer layer was found to be crucial to improve the quality of GaN film[42, 43]. Since
the strain of GaN film is strongly affected by AIN buffer layer, it is important to
understand the effect of AIN on the physical properties of GaN. Compared with the
amount of work on other properties of III-nitrides, however, there has been little work
on the strain of III-nitride thin films[44, 46].

As we mentioned in the earlier chapter, there are many ways of studying strain
of materials. In the previous chapter, we showed how we could measure the strain of
surface atoms and adsorbates on an atomic scale using the surface x-ray diffraction
technique. With this kind of approach, we were able to observe how strain propagates
into a bulk substrate, too. Now we move on to another approach of strain analysis
in macroscopic scale. For a clean surface or one with a few monolayers of adsorbate

on it, it is possible to pindown the positions of each atom during strain analysis.
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From Ref.[40]

Table 4: Physical parameters of I1I-nitrides and sapphire

(a)GaN

Waurtzite polytype :
Band gap
Temperature coefficient
Pressure coefficient
Lattice constants
Thermal expansion
Thermal conductivity
Index of refraction
Dielectric constants

Zinc-blende polytype :

Band gap
Lattice constant
Index of refraction

E, (200 K) = 3.39 eV

dE,/dT = -6.0 x 104 eV/K
dE,/dP=4.2x10"" eV /kbar

a=3.180 A

Aa/a =5.59 x 1075 K
k=13 W/cm K

n (1eV) =233

e ~9

E, (300 K) = 3.2 ~ 3.3 eV

a=452A
n(3eV) =29

E, (1.6 K) = 3.50 eV
c=5185 A
Ac/c=31Tx 1075 K

n (3.38 eV) = 2.67
€oo = D.35

(b) AIN

Waurtzite polytype :
Band gap
Lattice constants
Thermal expansion
Thermal conductivity
Index of refraction
Dielectric constants

Zinc-blende polytype :

E, (300 K) = 6.2 eV
a=3112A

Aaj/a =42x107° K
k=2W/ecm K

n (3eV)=215=+0.05
g~ 8502

E, (5 K) = 6.28 ¢V
c=4982 A
Ac/c=53x 1078 K

oo = 4.68 ~ 4.84

Band gap E, (300 K) = 5.11 eV, theory
Lattice constant a = 4.38A
(c) InN
Waurtzite polytype :
Band gap E, (300 K) = 1.89 eV

Temperature coefficient
Lattice constants
Thermal expansion
Thermal conductivity
Index of refraction

dE,/dT =-1.8 x 10~* eV/K

a = 3.548 A
Aaj/a ~ 4x 1070 K
kA~ 0.8402W/cmK
n=29~ 305

c= 5760 A
Ac/ec~3x 1075 K

Dielectric constants g, ~ 15, estimated oo = 8.4
Zinc-blende polytype :

Band gap E, (300 K) = 2.2 eV, theory

Lattice constant a =498 A

(d) Al,O3

Lattice constants a=4.758 A c=1299 A

Thermal conductivity
Thermal expansion

k=05 W/cm K
Aafa=T75x10"°K

Ac/c=85x107% K
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Figure 15: Wurtzite GaN unit cell.

However, in the case of thin films which are thicker than several dozens of A it is
neither easy nor so meaningful to trace down all the positions of each atoms in a film.
This is the case when it is more reasonable as well as easier to interpret the results
by keeping track of a macroscopic physical quantity. So, we are going to use strain

which is derived from the lattice constant of a material of interest as in Eq. (27)

£= (a-a) (27)

Qo

where @ is the lattice constant of the film with no strain at all and a is the actual
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lattice constant of the film. From the definition, it is straightforward to evaluate the

strain of a film.
4.2 Critical thickness of GalN

Strain of epitaxial films has been extensively studied in many systems such as
Si,Ge;_,. However, the prediction of equilibrium theory for the variation of strain as
a function of film thickness or the critical thickness was not so accurate, so a kinetic
theory was introduced to explain the discrepancy between the experimental results
and the theory. It was assumed that the equilibrium theory alone was not enough
to explain the results on the strain in Si,Ge;_, system[10]. However, in GaN films
grown on sapphire(0001) using AIN buffer layer the kinetic effect was found to be
insignificant and it was observed that the equilibrium theory alone was enough to
explain strain relaxation behavior. In this chapter, the strain relaxation of GaN will
be described using equilibrium theory.

Using Bond’s double crystal X-ray method[45] Hiramatsu et al.[46] previously
measured the lattice constant of GaN grown by hydride vapor phase epitaxy and metal
organic vapor phase epitaxy in the thickness range 0.6 pm to 1200 ym and found that
the lattice constant ¢ of GaN decreased with increasing film thickness of GaN. They
explained it by strain relaxation mechanism resulting from cracks, assuming that
the origin of the stresses was just the difference in the thermal expansion coefficient
because their samples were considered to be thick enough to ignore the stress coming
from lattice mismatch. Furthermore, only lattice constants near the surface of GaN
were measured because the penetration depth was less than the thickness.

In our experiment, GaN samples with smaller thicknesses in the range from 50 A
to 1 pm were grown by molecular beam epitaxy (MBE) on sapphire (0001) using a

32 A AIN buffer layer at the University of Illinois at Urbana-Champaign. Sapphire
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Figure 16: Unit cells of sapphire (0001) and AIN superimposed. Solid line is for
sapphire and dashed line for AIN. Open circles and hatched ones represent O in
sapphire and Al in AIN, respectively.

substrate preparation consisted of degreasing in successive rinses with trichloroethane,
acetone and methanol. Then the substrate was etched in 3:1 HySO, : H3PO4. Both
rinsing and etching were done at a temperature of 150 °C. After rinsing and etching,
the substrate was inserted into the ultra high vacuum chamber. Thermal cleaning at
800 °C resulted in sharp reflection high energy electron diffraction (RHEED) patterns
typical of the clean sapphire surface. AIN buffer layer was then grown at a substrate
temperature of 550 °C and an Al effusion cell temperature of 1030 °C for 15 minutes.
An radio frequency plasma source was used for nitrogen.

We used an AIN buffer layer because its in-plane lattice constant is intermediate,
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as used previously[46]. This redistributes the substantial mismatch between two
interfaces. The surface unit cell of sapphire (0001) and AIN are shown in Fig. 16.
In order to have a workable signal from the thinnest films, the NSLS synchrotron
X-ray source was employed to measure lattice constant a and ¢ of GaN films using
the least-squares fit method described in Ch. II. A four circle diffractometer featuring
kappa geometry[47] (Fig. 17) installed at the beam line X16C of National Synchrotron
Light Source in the Brookhaven National Laboratory was used for measurement. Our
experimental resolution was determined by a 2 mm by 2 mm wide slits in front of a
scintillation detector. Our data therefore extend Hiramatsu’s work to thinner films.
We could estimate the critical thickness of GaN grown on AIN using an equilibrium
energetic relationship between the lattice constant a and the film thickness.

Using the relation of Nd ~ 27/Agq, where Agq is the momentum transfer differ-
ence between successive minima of fringes near (002) Bragg peak and Nd is the film
thickness, the AIN buffer layer thickness of 32 A was obtained. The full width at half
maximum of (002) rocking curve of AIN was 4.8 arcmin which confirmed that it was
epitaxial with the sapphire substrate. On top of the AIN buffer layer, the GaN layer
was grown with the substrate temperature of 700 °C and a Ga effusion cell temper-
ature of 910 °C. Using a profilometer trace of a shadow in the film, the thickness
of the thickest GaN sample was measured to be 1 ym £ 0.05 gm. This calibration
allowed the thickness of the other samples to be derived from their growth time. The
thickness of our GaN films was found to range from 50 A to 1 ym. Using the fringe
method we determined the thickness of the 50 A GaN film to be within £+ 5 A, which
assured us that the thickness calibration was accurate for the thinner films, too.

The way we measured the lattice constants was as follows. The same method was
used for each sample. (1) Optimize each of the diffractometer angles for N (typically

N=10) different Bragg peaks of GaN, (2) build N corresponding reciprocal lattice
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Figure 17: Kappa diffractometer.

vectors from the angles of each Bragg peaks and (3) use a least-squares fit method
to get a best fit of lattice which goes through all the Bragg peaks observed. In this
way, lattice constant a and ¢ were obtained for each sample. The same method was
separately applied to a blank sample containing only the 32 A AIN buffer layer, in
order to measure its lattice constant a, which turned out to be 3.084 A. This compares
with its bulk value 3.112 A, indicating a partial compression of the buffer layer.

Because of instrumental limitations, the resulting lattice constants will depend
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slightly on which Bragg peaks are used in the calculation as well as on their setting
accuracy. Since the values were substantially overdetermined, we could use this re-
dundancy to obtain a reliable error estimate. We carefully chose as many peaks as
possible isotropically distributed in the reciprocal space. In order to estimate the
error connected with the choice of Bragg peaks, we systematically omitted one or
more Bragg peaks from the set and repeated the refinement. The resulting error was
0.007 A for both a and ¢, including a correction for the systematic (misalignment)
error of the diffractometer.

Our results for the lattice constants a and c of the GaN films are plotted in Figs. 18
and 19 as a function of their thickness. They both show a progressive trend away from
the bulk GaN lattice constants for thinner films. In the case of the in-plane lattice
constant (Fig. 18), the values are found to lie between those of bulk GaN and the
AIN buffer layer. It is clear that if the trend towards thinner films were extrapolated
slightly, the GaN lattice constant would cross that of the AIN buffer layer. This is
the situation that occurs at the critical thickness, h. of GaN: thinner films would
simply have a pseudomorphic epitaxial relationship with the AIN substrate. In order
to establish a quantitative estimate of h., it is necessary to make a theoretical fit to
the data for the trend of lattice constant with thickness, which we explain next.

At thermodynamic equilibrium, misfit dislocations appear at the interface of
strained layer heterostructure when the strained layer is thick enough that it is ener-
getically favorable for the mismatch to be accommodated by a combination of elas-
tic strain and interfacial misfit dislocations, rather than by elastic strain alone[48].
Therefore, in the initial stage of growth, when the film is below the critical thickness,
GaN is expected to grow pseudomorphically on AIN. Above the critical thickness,
the strain begins to relax by spontaneous creation of dislocations at the GaN/AIN

interface. Subsequently the lattice constant begins to approach the bulk value as the
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Figure 18: Fit of in-plane lattice constant a as a function of GaN layer thickness.

thickness of GaN increases further.

By observing the trend of the lattice constants as a function of thickness, the
thickness at which a = a4, where a, is the lattice constant of the substrate, which
is called the critical thickness h., may be extrapolated using a fitting function. In
Ch. II, we derived a functional form that was based on Van der Merwe’s equilibrium
theory[49]. The total energy of an epitaxial film is given by the sum of i) the strain
energy which is proportional to square of in-plane strain as well as film thickness
and ii) the energy due to dislocations. By assuming that the effective range of the
dislocation field is constant, the energy due to dislocations depends on their density
alone, which is linearly proportional to in-plane strain. This gave us Eqs. (18) and

(19). By differentiating this total energy with respect to the in-plane lattice constant

39



5.24

5.23

5.22

5.21

5.20

5.19 -

c=c,+tc v(a,-a)la,

518 -

Lattice constant c (A)

5.17

5.16

P

| Lattice constant c of bulk GaN, 5.185 A

Figure 19: Lattice constant ¢ as a function of GaN layer thickness.

10"

102

108 104 10°

GaN layer thickness (A)

we obtained the theoretical dependence of a on h

(28)

where a is the in-plane lattice constant of GaN film, A is the thickness of the film, a,

is the lattice constant of unstrained GaN, a, is the lattice constant of the substrate,

which we took to be the measured value of 3.084 A. The independence of the substrate

in-plane lattice constant a, of the film grown on top of it was an additional assumption

which I will examine further in Ch. V.
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he= 29 A + 4 A was obtained to fit our data in the entire region of the thickness
(Fig. 18) by adjustment of the parameter h. alone. The resulting fit curve is the solid
line through the data points. Using Kasper’s[9] energetic correction estimates for the
dislocation interactions we obtained a different expression for Eq. (28)[50]. Quantita-
tively, using the logarithmic correction for the effective range of the dislocation field
(Eq. (26)) did not give a significantly different result at the level of accuracy of our
data[50].

The critical thickness has been calculated and discussed by many authors. [51, 52]
However, there have been many reports[53, 54] on experimental determinations of the
critical thickness indicating that coherence apparently persists to thicknesses much
greater than that predicted by classical theories. Recently, Fischer et al.[55] reported
a new approach in equilibrium theory for strain relaxation in metastable heteroepi-
taxial semiconductor structures. In this equilibrium theory, they included the elastic
interaction between straight misfit dislocations and obtained h. by setting the excess
resolved shear stress required to produce misfit dislocations to zero. According to

Fischer et al., the critical thickness is given by

2= (52) [+ (o) o)

where, as before, a, and a, denote the lattice constants of the fully relaxed film and

that of the substrate, respectively. A is the angle between the Burgers vector and the
direction in the interface, normal to the dislocation line. At the interface between
GaN and AIN layer, the most commonly observed dislocations are 60 ° dislocations
on (0001) plane[56]. Inserting appropriate material parameters, A = 7/6, v = 0.38
and b = 3.084 A | the calculated critical thickness of GaN is 43.5 A which is about of
the same order of magnitude with our result. Note that A is 7/6 since both Burger’s
vector and dislocation line are on the interface. The expansion of ¢ as a result of

contraction of a is simply explained by the Poisson ratio, v, so ¢ can be related to a
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from its definition.

ColV

c=co+—(ao—a) (30)

Qo

where ¢, is the bulk (relaxed) lattice constant. Shown in Fig. 19 are our data of lattice
constant ¢, the data from Hiramatsu,[46] and the best fit of Eq. (30) with ¢,=5.183
A and a(h) taken from Eq. (1). The solid line is obtained using v = 0.38 from
Detchprohm et al[46]. We obtained a slightly better fit (dotted curve) with v = 0.44
=+ 0.05, which can be considered as an experimental estimation of the Poisson ratio for
a thin GaN film. Compared with Hiramatsu et al.’s results, the changes in the lattice
constant ¢ were very large because our samples were so thin that the effect of lattice
mismatch was dominant. However, our result of lattice constant ¢ sits on Hiramatsu’s
data without any discontinuity. Although the apparent trend in Hiramatsu’s data
overlies a region where our values appear to be constant, they are still consistent
within error. Since the determination of the critical thickness is more sensitive to
data obtained for thin samples, this uncertainty of lattice constant in a thicker region
does not seriously change the fitting value of the critical thickness.

In summary, synchrotron X-ray diffraction was utilized to measure lattice con-
stants a and ¢ of thin GaN films grown on 32 A AIN buffer layer by MBE using a
least-squares fit method. Due to the lattice mismatch, the changes in lattice con-
stants of GaN films were observed. The critical thickness of GaN was estimated to
be 29 A + 4 A. Tt is noteworthy that an equilibrium energetic argument appears to
explain our observations, and gives good quantitative agreement with the predicted
h.. This is not the case in other systems, such as Ge,Si;_,, where critical thicknesses
ten times the equilibrium value are found, and kinetic models are needed to explain

the phenomenon[10].
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4.3 Effect of buffer layer relaxation on the critical thickness

In the previous section, we investigated the strain relaxation of GaN grown on
sapphire (0001) with a thin AIN buffer layer and explained the result with an equi-
librium theory. This analysis was based on one of our assumption of an inert AIN
buffer layer. However, there was a possibility that AIN buffer layer also would have
relaxed as the GaN thickness had increased.

Meanwhile, Huang et al.[61] have shown that mutual elastic interaction between
two thin films can be important especially when the buffer layer is very thin in such
a way that the strain transfer between films can occur and a critical thickness can be
increased in certain cases. Therefore, we reexamined our previously measured samples
for evidence of the change of AIN in-plane lattice constants. A least-squares fit of
multiple Bragg peaks was employed to determine a lattice constant[62]. For those
samples in which the in-plane lattice constants of GaN and AIN were very close,
the reciprocal lattice mapping was employed to unambiguously determine whether
the peaks belong to GaN or AIN. In addition to those which had been previously
measured, the sample B was newly measured this time.

The in-plane lattice constants of AIN and GaN are listed in Table 5. The sam-
ple A has only 32 (A) of AIN layer with no GaN layer on top of it and all other
samples have 32 (A) of AIN and GaN with different thicknesses. For the sample B
and C, the in-plane lattice constants of GaN and AIN in each sample determined
from a least-squares fit method were the same within an experimental error. To be
sure of pseudomorphic growth, a full reciprocal lattice mapping of the intensity dis-
tribution was done and in Fig. 20 shows two clearly separated peaks along [. Using
the reciprocal lattice unit of GaN which we chose for the measurements, the peak at

(103) is apparently of GaN and the one above it is from AIN. This reciprocal lattice
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map clearly shows that the GaN is pseudomorphically grown on AIN, which was not
detected in our previous measurement[62]. In Fig. 21, we show an index scan along
[ direction through (103) peak of the same sample. Again, the two peaks are clearly
separated and two Gaussians were used to fit these peaks. With these results, it is
apparent that both AIN and GaN have the same value of in-plane lattice constant.
For the sample B, in the same way pseudomorphic growth was observed.

For the sample D, GaN dominates over AIN in peak intensity in such a way that
it was too difficult to find AIN peaks even though the peak separation was far enough
to be resolved. So, again a reciprocal lattice mapping method was used to find AIN
peak. In Fig. 22, the GaN peak is dominant and a very weak AIN peak is seen in the
edge of the GaN peak. It is clear that the latter peak would not have been detected
without reciprocal lattice mapping. With help of reciprocal lattice map, we were
able to find AIN peak and index scans through (103) AIN peak were done and shown
in Fig. 23. Symmetrically equivalent peaks of AIN were found more and using the
least-squares fit method[62] the in-plane lattice constant was obtained. Note that
the h, k, [ were labeled in Fig. 23 with respect to the AIN reciprocal lattice. Even
though the peak is very broad in/ direction, as expected for such a thin film, the full

width at half maximum is smaller in A, k direction, which gives a good determination

Table 5: Thickness and in-plane lattice constant of GaN and AIN layers in each
sample.

Sample AIN (A) GaN (A) ausnN (A) AGaN (A)

A 32 . 3.084

B 32 25 3.134 3.134
C 32 50 3.142 3.142
D 32 100 3.103 3.174
E 32 200 - 3.192
F 32 10 . 3.196
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Figure 20: Reciprocal lattice map near (103) Bragg peaks of sample C. The GaN
reciprocal lattice unit was used for indexing. Two peaks which has the same h value
are clearly visible.

of the in-plane position. The lateral shift between the 2 peaks is clear evidence for
non-pseudomorphic growth of GaN. The interesting trend among the samples is that
the in-plane lattice constant of AIN increased in the pseudomorphic growth region
and then began to decrease as soon as the pseudomorphic growth ended. In other
words, after misfit dislocations were introduced, GaN proceeded to relax in the same
direction as below the critical thickness, but AIN began to shrink back.

In our sample configuration, 32 (A) of AIN buffer layer was grown on sapphire
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Figure 21: Index scan along [ direction through (103) peak. Two Gaussians were used
to fit AIN and GaN peaks.

substrate followed by the GaN layer. Since the in-plane lattice mismatch between
sapphire and AIN is so large that misfit dislocations are introduced at the interface to
accommodate the mismatch even at a few layers of AIN. The dislocation densities at
sapphire-AIN interface is much higher than at the AIN-GaN interface because of the
connection between the lattice mismatch and the dislocation density. With higher
dislocation density, the response of AIN layer to the stress coming from sapphire
can be assumed to be less important than that to GaN. Therefore, We can make the

approximation that AIN and GaN form a free standing bilayer and that the only effect
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Figure 22: Reciprocal lattice map near (103) Bragg peaks of sample D. The GaN
reciprocal lattice unit was used for indexing. A very weak AIN peak is shown on the
shoulder of GaN.

of the sapphire substrate is to modify the in-plane lattice constant to the observed
value of 3.084 (A). This value is consistent with a calculation for 32 (A) of bare AIN
on sapphire and the bulk elastic constants of AIN.

Based on this assumption, the total energy of AIN and GaN bilayer in the pseu-

domorphic limit consists only of elastic strain energy which can be expressed as[61]
E = alhl(a — a10)2 + Oéghg((l — a20)2 (31)

where a is the common in-plane lattice constant of two films. It should be noted
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Figure 23: Index scans along in all three directions. A fit of Gaussians was done for
[ scan. This time the AIN reciprocal lattice unit was used for indexing.

that up to a certain thickness of GaN the lattice mismatch between two films is
fully accommodated only by strain so that both films have the same in-plane lattice
constant. With an assumption of equilibrium growth of nitride films, the minimization
condition, OF /da = 0, gives us

arhiay + ashaasy  hiaig + 52haax
a = — al . (32)
arhy + aghs hy + Ojfh2

Since only hs is a variable, Eq. (32) gives the curve through the data in Fig. 24 where
as/ay was set to 0.8 for the best fit. This value roughly agrees with the ratio of the

calculated shear modulus of GaN and AIN, which is 0.88[63, 64]. ajo= 3.084 (A) is
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the effective in-plane lattice constant of the 32 (A) film of AIN and we used ay=
3.196 (A) for the bulk value of GaN as mentioned above[50].

After GaN reaches the thickness where misfit dislocations are introduced at the
interface of two films, in addition to the strain energy in Eq. (31), a new term associ-
ated with dislocation energy is introduced[50] in the total energy equation, which is

proportional to the density of dislocations,
E = alhl(al — CL10>2 + Ozghg((lg — a20)2 + B|(I1 — CL2| (33)

where a; is the in-plane lattice constant of AIN and a, is that of GaN. Since AIN
behaves as a virtual substrate for GaN and vice versa, the dislocation energy term is
proportional to |as—ay|, which is a quantity proportional to the density of dislocations.
In our case, ay is always larger than ay, |a; — az|=as — a;. In the same way as above,

the minimization condition gives us

OF
aial = 2a1h1(a1 — alo) — ﬁ = 0 (34)
OF
GTLQ = 2a9hs(as —ag) + =0 (35)
So,
5]

(a1 — aio)hy = (az — ag)hy = (36)

20, 20,
An attempt to fit these equations to the lattice constants data is shown as solid curves
in Fig. 24. In our experiment, h; was not varied, so a; would just be constant above
the critical thickness according to this theory. This disagrees with observation, so we
must revise the theory.

First, we question the assumption that the energy due to the dislocations is only
proportional to the dislocation density. The assumption satisfactorily accounts for

the hy variation of ay but incorrectly predicts that a; would remain constant since

hy is fixed at 32 (A). One improvement is to consider more than one energy term
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Figure 24: In-plane lattice constants of AIN and GaN films on sapphire (0001) with
the fit using a simple theory.

related to dislocations to describe the hy dependence of a;. So, we assumed in a very
simple way that the interaction of dislocations must be included. The simplest form
of interpretation would be a square of their density. With this higher-order correction,

a new form of total energy is given by
E = ajhi(ar — a10)® + asha(as — as)® + Blaz — ar) + y(az — ar)® (37)

and the minimization conditions are

oF

(97 = 20&1h1(&1 — alo) — ﬂ — 27(&2 — Cll) =0 (38)
ax

oF

aiaz = 2a2h2(a2 - 0/20) + ﬁ + 2’7(&2 - al) =0 (39)
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Figure 25: In-plane lattice constants of AIN and GaN films on sapphire (0001) with
the fit using an improved theory.

From Egs. (38) and (39),

ay _ 1 hg(hlalo + Eﬁ/ + 66620’)//) + ")//hl&lo <40)
as hihs +~7'hy + €Y' hy \ ho(€azey + hiago) + 7' hiaro — hi 5

where v/ = v/as, (' = /(2a2) and we used € = aa/a; = 0.8. Therefore, what we end
up with is explicit functional forms of a; and ay as a function of hy with two fitting
parameters of 4" and ’. With these modified approach, the hy dependence of a; can
be explained. In Fig. 25, the best fit with v'=-18 and (3'=2.49 is shown along with our
data. Since +' was the coefficient of the interaction of dislocations, the negative sign
means that it is energetically less favorable for the system to decrease the density of

dislocations above a critical thickness. The change of lattice constant with different
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Figure 26: Theoretical description of in-plane lattice constants above the critical
thickness with various 7’s. This plot corresponds to Eq. (40) with a fixed /.

values of 7’s are shown in Fig. 26. This implies an attractive interaction between
the dislocations. In other words, by including that term in the total energy, above
a critical thickness the role of dislocations to relieve the lattice mismatch decreases
compared with the role of strain.

In summary, the strain of GaN and AIN bilayer on sapphire (0001) is investigated
as a function of GaN layer thickness using x-ray diffraction. An assumption of free
standing bilayer was made to explain the strain of GaN and AIN. Below the critical

thickness, the in-plane lattice constants of both GaN and AIN increased as a function
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of GaN thickness predicted by the elastic theory maintaining pseudomorphic config-
uration. Above the critical thickness, however, the in-plane lattice constants split up
and each film relaxed in such a way that the in-plane lattice constant approached

their unstrained values.
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Chapter V. Effect of AIN buffer layer on the strain

relaxation of GalN

5.1 Thin film diffraction of AIN

As we found in the previous chapter, the role of AIN buffer layer on the strain
relaxation of GaN is very important. To get a better understanding of AIN buffer
layer, we grew thin AIN films on sapphire (0001) with or without GaN film on them
and analyzed the strain relaxation of AIN. Preliminarily we studied the interface
structure between sapphire and AIN with a scan normal to the surface. 80 A thick
AIN film on sapphire was chosen for this purpose. A scan along (00L) direction was
made (Fig. 27) and was fitted using 65 or so alternating Al and N atomic layers. The
best fit was obtained with an interface distance parameter of 0.45 A. The sharp peak
at q;=2.9 (A_l) is a (006) peak of bulk sapphire and all other peaks are typical thin
film diffraction fringes, which assures that AIN film is epitaxially well grown in the
normal direction, at least. Information about the interface distance is extracted from
the asymmetric structure around the bulk sapphire peak. As explained in Fig. 2, an
asymmetric feature around a Bragg peak can arise from a variation of the interfacial
distance between a film and substrate. In our fitting model, the parameter of disti;
was 0.45 A. With all other fitting parameters fixed, distj,t was set to four different
values and their effects are shown in Fig. 28. This assured that dist;,+ was determined
accurately. In the next section, we will show the strain relaxation behavior of AIN

using the same method we adopted in the previous chapters.

5.2 Thickness dependence of AIN on the strain of GaN

A series of AIN films with different thicknesses (without GaN on them) were

measured to study strain relaxation. The procedures are the same as we described
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Figure 27: Fit of (00L) rod of 80 A thick AIN film on sapphire substrate. A model
with 65 alternating Al and N layers was used with several layers near the interface
allowed to relax. The distance between sapphire and AIN at the interface was set to
0.45 A.

in the previous chapter. We grew a series of samples of AIN thin films on sapphire
(0001) with a thickness ranging from 12 A to 1530 A. The in-plane lattice constant of
AIN layer was measured by two slightly different methods. The first method was to
find at least six (out-of-plane) Bragg peaks and to use a least-squares fit to find the
best reciprocal lattice which passed through the measured peak positions as described
in Ch. II. With the second method, three symmetric equivalent in-plane (110) peak
positions of AIN were used to find the in-plane lattice constant directly since (110)
peak position is determined by the in-plane lattice constant alone. This required

a grazing incidence geometry and a small out of plane component of momentum
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Figure 28: Change of fits with variation of interface distances. The same sample as
shown in Fig. 27 with d,=0.45 A.

transfer. Our results for the lattice constant a of the AIN films are plotted in Fig. 29
as a function of their thickness. Since the lattice mismatch between sapphire and
AIN is 11.7 %, most of relaxation in AIN layer happens in the first few layers. So,
even though our thinnest sample was 12 A, 83 % of relaxation was already made.
We attempted to fit the data with only one parameter h., using Eq. (19). Using
the substrate lattice constant a, = 2.747 A and the lattice constant of the completely
relaxed AIN film a, = 3.112 A, the parameter h, = 4 + 2 A was obtained with a least-
squares fit method. The fit is not so good as in the case of GaN. It may be related
with the fact that the misfit between AIN and sapphire is so big that the elastic theory

can’t be applied to any longer. Even though we tried to fit our experimental results
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with an equilibrium model, it seems that our data follows a little different mechanism
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of strain relaxation.

We measured in-plane lattice constants of GaN with a fixed thickness with the
thickness of AIN buffer layer changed. As shown in Fig. 30, the in-plane lattice
constants of GaN decreased as the thickness of AIN increased. This result can be
explained as follows. The in-plane lattice constant of AIN is not substantially affected
by the thickness of GaN as long as their thicknesses are far above critical thickness
and it increases as its thickness increases as shown in Fig. 29. As far as the GaN layer
is concerned, if we consider the same behavior for the GaN in-plane lattice constant

as described in Eq. (19) except using the in-plane lattice constant of AIN, as, as a
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Figure 30: In-plane lattice constant of GaN in samples A through E.

variable then as we increase the AIN thickness the in-plane lattice constant of GaN
should decrease.

The in-plane lattice constant decrease of GaN as the thickness of AIN buffer layer
increases can be more rigorously explained. In order to explain this, we need to know
GaN in-plane lattice constant as a function of its thickness with a series of a different
thickness of AIN buffer layer. Since we know Eq. (19) is valid, the only value we need

to calculate the dependence is a critical thickness as a function of in-plane lattice
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constant of a buffer layer. Since the critical thickness of GaN on AIN buffer layer
with a certain value of an in-plane lattice constant can be obtained from equilibrium
theory, we can have a set of critical thicknesses as a function of AIN in-plane lattice

constant.
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Chapter VI. Strain relaxation induced by irradia-

tion in Si;_,Ge, films

Si;_,Ge, alloy has been one of the most extensively studied systems in thin film
physics due to its physical interest and technological applicability. [65, 66, 67, 68,
69, 70] With growing demand for multilayer structures, the main interest in this area
lies in growth of defect free pseudomorphic film, which is highly strained. However,
a theoretically predicted critical thickness does not concur with a value determined
by experiments for SiGe. Since it is believed that growth of Si;_,Ge, is so domi-
nated by kinetic effect that the energy of the film is not minimized at each state of
growth as a whole. It is well known that an experimentally determined critical thick-
ness of Si;_,Ge, on Si substrate is much larger than that predicted by equilibrium
theory. The region between the equilibrium critical thickness and the experimen-
tally determined critical thickness is therefore metastable[10, 71]. So, if a film is in
the metastable regime, even though it is commensurate with the substrate, the film
might relax as proper perturbations or excitations are provided such as post-growth
annealing or irradiation, which would move the system into the energy minimized
state.

The effect of post-growth high temperature thermal annealing on the strain relax-
ation of metastable Si;_,Ge, thin films was studied by many people. The reason for
this interest is that thermal annealing is routinely done during the device processing
and any strain relaxation would cause a dramatic change in the device characteris-
tics. Sardela et al.[72] reported that the in-plane lattice relaxation due to post-growth
thermal annealing in Si;_,Ge, on Si(001) as a function of annealing temperature and
composition using high resolution reciprocal lattice mapping. In their work, Si;_,Ge,

thin films were grown pseudomorphically and were within the metastable region,
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which means the thicknesses were believed to exceed the theoretically predicted crit-
ical thickness. Misfit dislocations activated by thermal annealing were introduced so
that the Bragg peak became shifted as a result of the relaxation process. A broaden-
ing of the peak accompanied with the decrease of the peak intensity was attributed
to the increased mosaicity caused by misfit dislocations.

Ion implantation has long been used for doping semiconductors. With its many
advantages over other doping methods, it has one shortcoming: it induces defects in
the crystal. However, the fact attracted many researchers to investigate irradiation
effects on semiconductor materials either to get around the problems of causing defects
or to study the strain relaxation induced by irradiation. Many recent works on the
strain relaxation by irradiation on Si;_,Ge, have been done[73, 74, 75, 76, 77, 78, 79,
80, 81]. Typical irradiation effects can be summarized by two things: 1) out-of-plane
lattice constant expands due to point defects (such as interstitials) with virtually
no change in in-plane lattice constant and 2) recovery of crystal damage by thermal
annealing. In contrast, a decrease of out-of-plane lattice constant was also reported
by heating up the sample during irradiation[82].

Radiation defects are typically caused by two dominant processes during irradi-
ation; inelastic collisions with electrons and elastic nuclear collisions. Depending on
the energy and the mass of the accelerated particles, as well as on the mass and the
atomic number of the medium, which of two effects predominates. These defects have
a distribution in the solid which is different from that of accelerated ions in the solid,
since the position to which the maximum energy is transferred is not where those
ions stop. The simplest defect, a Frenkel defect, is produced by the displacement of
a lattice atom on to an interstitial site; a vacancy and an interstitial atom are the
result. Dislocation type defects can be formed by accumulation of simple defects or as

a result of stress caused by unannealed radiation damage. If many lattice atoms are
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Table 6: A list of SiGe samples irradiated.

Film thickness (A) Growth temperature (°C)

A 200 200
B 275 950
C 100 500
D 360 450
B 400 500

displaced by accelerated atoms in a small area, the defects area start to overlap each
other and form an amorphous zone. For more detailed discussions of ion implantation
and radiation damage, see references.[83, 84, 85]

In this work, we aimed at observing the strain relaxation of metastable Siy;Geg 3
film in the in-plane direction by irradiation. As we mentioned earlier irradiation
might allow the system to relax closer to the energy minimized state. In this case,
both the macroscopic and microscopic strain relaxation is of interest. Reciprocal
lattice mapping (RLM) using x-ray diffraction is among the most powerful methods
because of its capability to provide information in two different directions at the
same time. The first is the macroscopic uniform strain relaxation which can be
measured from the peak shift with respect to the substrate. The other, which can be
deduced from the distribution of diffuse scattering near Bragg peak, is the evolution
of structural imperfections caused by increased mosaicity or local strain fields. A
series of Sig7Gegs films with different thicknesses was grown on Si(001) by vapor
phase epitaxy between 450 °C and 550 °C, which are listed in Table 6. According
to the previous work, those are roughly in the metastable regime[86, 87]. In-situ
x-ray measurements during irradiation were done at the beamline X16A of National

Synchrotron Light Source at Brookhaven National Laboratory. The irradiation gun
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Table 7: Irradiation dose for each SiGe samples. Note that these samples were irra-
diated with 3 keV He™ ions except the sample A with 25 keV Ga.

Sample Total dose (ions/cm?)
A 1st 8.0x1010
2nd 3.2x10M"
3rd 1.0x10'2
4th 3.2x10"'?
5th 1.4x10%
6th 3.6x10"
B 10th 2.5x10"
11th 4.0x10"
12th 5.5%x10%°
13th 7.0x10"
14th 7.8x10"
C 3rd 6.2x10"
6th 2.8x10"
9th 6.4x10%
12th 1.4x1016
D Lst 1.8x10M
2nd 5.3x 1014
3rd 8.7x 10
4th 3.5%x10%
5th 4.9%x10%

was set to raster in the area of 3 cm x 6 cm. The dose rate was about 1.5 x 10!
(ions/min - cm?) for Ga* and 1.0 x 10" (ions/min - cm?) for He. The amount of dose
given to each sample is listed in Table 7. Two Si(111) monochromator crystals were
used to select 1.56 A wavelength x-rays. A scintillation detector was used with a 2 mm
x 2 mm slit, but no analyzer crystal was used. A five-circle diffractometer combined
with a ultra high vacuum chamber equipped with a Ga™ ion gun was utilized at the
beam line. In high vacuum below 2x10~" Torr of the base chamber pressure, the
sample was irradiated with 25 keV Ga™ or 3 keV He™ ions. The samples were aligned

with (202) and (111) peaks of Si substrate. To monitor the relaxation of the film due
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to irradiation, index h,k,L scans and diagonal scan in h,k plane through (202) peak
of the film were done after each dose.

It is useful to understand x-ray diffraction data more easily if we keep in mind
that there are typically two contributions to diffraction intensity; a sharp and coherent
peak and diffusely scattered broad peak. The main sharp peak comes from the long
range ordering of the film coherent with the substrate. In contrast, the diffuse peak
can have several sources: thermal vibration of atoms (phonons), short range ordering,
strain fields near dislocation cores and point defects. Therefore, with more dose, we
expect a decrease of the coherent peak and an increase of diffuse scattering with a
possible peak shift. Since the only variable in our experiment is irradiation dose,
it is safe to assume that any change in diffuse scattering results from a different
distribution of either point defects or of strain field by dislocations and not from

phonons.

6.1 Irradiation with 25 keV Ga™' ions

In Fig. 31, the peak of SiGe film in sample A is shown to be aligned with that of its
Si substrate, confirming pseudomorphic growth of the film. A RLM prior to the first
dose shows typical broadening in perpendicular direction due to thickness effect and
very narrow peak in in-plane direction. Therefore, it can be inferred from the RLM
that the as-grown film is commensurate with a small amount of point defects and no
dislocations within the limit of our experimental resolution. By point defects, we mean
local defects with no significant relaxation involved around themselves. However,
dislocations are referred to as sources of relaxation which allows relaxation through
strain fields and could possibly cause a peak shift.

From Fig. 31, if we follow the trace of maximum intensity over contour lines we

can get a line which connects the highest intensity points in the RLM. As shown in
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Figure 31: Mesh scans of a SiGe sample irradiated with 25 keV Ga™ ions.
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Figure 32: Lines of trace of the highest intensity in mesh scans.

Fig. 32, before dosing, the maximum intensity line has no slope. As we increase the
dose, the line starts to incline. The inclination of the line connecting the highest
intensity point is almost constant with increasing dose. If we connect the Bragg peak
position of completely relaxed film and that of totally strained one, the inclination
of that line agrees with those of the lines in Fig. 32. Therefore, it can be inferred
from the figure that the film experiences typical lattice dilation in the surface normal
direction.

In order to analyze the strain relaxation more rigorously, a data set of scans along
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Figure 33: Index scans along h direction through (202).

the in-plane h direction was selected, which can be used to interpret strain relaxation
along the in-plane direction. The index scan along the h direction prior to the first
dosing, in Fig. 33, shows diffuse scattering, which has a 1/q* dependence. This could
be due to Huang diffuse scattering,[88, 89] but there is also a possibility that it is
thermal diffuse scattering due to vibration of atoms. Symmetric diffuse scattering
associated with the Si substrate is also seen in the upper region of the RLM.

With more dose, an asymmetric diffuse peak starts to appear and the (202) peak

of SiGe in the RLM begins to move downward resulting from typical dilation effect
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Figure 34: Diffuse scattering component of irradiated sample.

caused by point defects such as interstitials. In Fig. 33, h scans through (202) SiGe
peak are shown with different amounts of irradiation. The appearance and shift
of the broad, diffuse peak with increased dose of Ga™ ions are more clearly seen.
As a result of irradiation, the peak intensity of coherent SiGe diffraction decreased
and the intensity of diffuse scattering increased. For clearer comparison, the diffuse
scattering data are shown after subtraction of the scan from the unirradiated sample
in Fig. 34. The fits are Lorentzians, which show the peak shift, broadening and

increased intensity of the diffuse component. Note that the data near the coherent
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Figure 35: In-plane lattice constant of Sig7Gegs film as a function of thickness pre-
dicted by equilibrium theory.

peak have been omitted for consideration of diffuse scattering only. At higher doses,
the diffuse scattering component does not follow 1/q* dependence.

From these observations, the following statements can be made. The increased
diffuse scattering can be attributed to a certain type of strain relaxation mechanism.
In other words, irradiation introduces defects such as either pointlike vacancies or
dislocations which result in a relaxation strain around them. In Fig. 35, it is shown
that the in-plane lattice constant of Sij;Gegs as a function of thickness calculated

by equilibrium theory using Eq. (19). a.=5.496, a;=5.431, and h,=148 were used,
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Figure 36: A 1-dimensional model of strain relaxation. Hollow circles represent orig-
inal unrelaxed lattice points and solid ones are for relaxed lattice points.

where h, was obtained by Eq. (29). As shown in Fig. 35, 200 A of Sig-CGeps is in
a metastable regime and the in-plane lattice constant for the thickness predicted by
equilibrium theory is 5.448 A. Therefore, in the reciprocal lattice unit of bulk Si, the
peak position of this film in energy minimum state would be 1.994 (RLU). This agrees
with the value we obtained as a diffuse peak position just before the film completely
amorphized. Therefore, the film relaxed upon irradiation up to the point to which
equilibrium theory predicts the film would do. To investigate the nature of relaxation
mechanism, we tried a 1-dimensional model to simulate the situation.

In our model, we consider 2500 atoms situated at lattice points placed uniformly
with unit separation in a 1-dimensional lattice. Then, one atom is taken out and
neighboring atoms are allowed to relax toward the vacant site with the nearby spac-
ings more stretched out, which is shown in Fig. 36. This model is physically more
likely than uniformly relaxed lattice. In this relaxed cluster, N,+1 lattice points are

involved, two of which at the both ends are fixed. The relaxation displacement, &,
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was chosen to be dependent on N, so that

(N:+1)/2 (N:—1)/2
Ne+1l= > (1+je)+ > (1+je)
j=1 j=1
N, + 1)
= N, + E(I) (41)

and ¢ = 4/(N, +1)2. Note that since one lattice point was taken out, only N, atoms
are available to fill out N,+1 lattice units. In the following, we will refer to these
displaced points as a relaxed cluster.

In the same way, in each calculation total N, lattice points are taken out resulting
in Ny relaxed clusters. The positions of the vacancy were randomly chosen and
diffraction intensities from each configuration were averaged. The diffraction pattern
of this arrangement of atoms is obtained by a Fourier transform. The instrumental
resolution function was taken into account by averaging diffraction intensities within
a Ag=0.003 A~ window. In Fig. 37, the results are shown with a different number of
relaxed clusters. Qualitatively this model explains our data very well. Note that the
range of relaxation is very large in this model. According to our model, the position of
the diffuse peak is determined by the amount of relaxation completed and the width
depends on N, which is the range of relaxation. The height of the diffuse peak is
dependent upon Ny, the number of vacancy sites. It is straightforward to interpret
the results of our model calculation. Since those relaxed lattice points contribute
to the diffuse component, the peak shift is related with how much those atoms are
displaced in average from the original lattice points. In the same reason, the peak
width is determined by the size of a relaxed cluster.

As we see in Fig. 38, the more a film is irradiated, the wider the diffuse peak
becomes and the larger the peak intensity is. So, within the framework of our model,
the effect of irradiation can be explained as follows. Defects such as point-like or

dislocations are introduced by irradiation which allows neighboring atoms to relax in
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Figure 37: Diffraction intensity calculation using a 1-dimensional model of strain
relaxation, described in the text.

a very long range. As a film becomes more irradiated, the number of defects increases
and the range of relaxation decreases because the average distance between defects
becomes smaller in a film that is heavily irradiated. However, the average amount of
relaxation induced by defects increases as we increase dose. As far as the identity of
defects is concerned, it is not clear whether they are point-like or line defects such as
dislocations. One way to find whether diffuse component comes from either point-like
defects or dislocations is as follows. Suppose we do mesh scan on h,k plane in the

reciprocal space. If it were due to point-like defects, the broadening of the diffuse peak
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Figure 38: A plot of peak width and shift as a function of dose. Domain size calculated
from peak width and shift is also shown in the upper panel.

would be isotropic because the relaxation is isotropic around such-defects. However,
if it is from misfit dislocations, the broadening will look like a ‘cross’ due to high
directionality of dislocations.

This interpretation is consistent with Kaganer et al's work[90]. They calculated
diffraction intensity from a thin film containing randomly distributed misfit disloca-
tion networks and showed that the result was consistent with measurements. One of

their conclusion was that at a low dislocation density coherent diffracted and diffuse
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peaks would be separated. This kind of separation is only observable in a certain
range of dislocation densities because the maxima of a coherent peak decreases expo-
nentially.

Compared with our model to explain the strain relaxation due to irradiation, it
is worth mentioning similar phenomena observed in other systems. For example, in
noble metals there have been a lot of works regarding surface reconstruction and phase
transition of Au(110) and Pt(110) surfaces[91, 92, 93]. In Au(110) surface, Robinson
et al.[94] found that (3/2,0,0) peak from (2x1) reconstruction was displaced from
an expected position and no higher order multiples of the primary reflection at (1/2-
9,0,0) were seen; instead reconstruction peaks were seen at positions displaced by bulk
reciprocal lattice vectors from this primary location. This was explained by a model
which is a locally (2x1) reconstruction of the bulk, interrupted by domain walls at
regular intervals along [100]. In Au(110), a monatomic step[(111) facet] served as
a domain wall and the experimental results were successfully understood with this
model[94]. Similarly, Pt(110) surface also has a (2x1) surface reconstruction and
displaced half order peaks, width and shift of which depend on temperature[95]. In
Pt(110) case, the dependence of peak width and shift on temperature was explained
by randomly distributed steps and anti-phase boundaries. From the point view of
diffraction pattern, the trend of peak shift and broadening is similar in both noble
metals and Si. However, phenomenologically speaking, there is a big difference in their
structure to produce this type of diffraction pattern; in noble metals a local structure
is maintained with monatomic steps modulated, but in Si an actual local spacing
between atoms have changed without retaining its original value. For irradiated Si
films, locally relaxed model is physically more probable.

Another example of peak shift and broadening is Si(113) surface. Si(113) takes

(3x1) reconstruction and at 950 + 40 K a (3x1) commensurate structure transforms
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to an incommensurate disordered state[96, 97, 98, 99]. Transformation of structure
in this example is involved in a change of local structure like in our case. However,
it is different from our case in a sense the transformation of structure occurs all over
the surface instead of a structural change of clustered-defects. So, in our case we
were still able to observe the coherent peak due to a part of SiGe film which were not
affected by irradiation.

If we assume that the defects are dislocations, we can obtain another interesting
quantity from our data. With increasing dose of irradiation, the dislocations would
introduce lattice mismatch and position of the diffuse scattering would move. As
shown in Fig. 38, the width of diffuse peak in our experiment does increase and the
position of peak shifts to lower h value, which means the in-plane lattice constant
increases. The increase of in-plane lattice constant means that the elastic strain
of the film decreases. Therefore, an average distance between dislocations becomes
smaller. If we assume that the average size of small domain in the film would be
proportional to the average distance between dislocations, the domain size can be
calculated using Eq.(20). In the meanwhile, from the relationship, Coherence Length
~ 27 /Aq(FWHM), the domain size can be also derived. So, from these data the
average size of domain was obtained and plotted in Fig. 38. The results from two

different methods agree.

6.2 Irradiation with 3 keV He™ ions

In Figs. 39 through 42, there are five or four scans are plotted for each sample.
Three of them are index scans along reciprocal lattice axes, i.e., a radial scan is along
the h direction, transverse along the k direction and an L scan. A diagonal scan is
through a Bragg peak of a film along the direction in which a film is supposed to relax

as we discussed above. A non-parallel scan is along the line between a totally relaxed
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Figure 39: Scans

of the sample B through (202) peak.
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Figure 40: Scans of the sample C through (202) peak.
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Figure 41: Scans of the sample D through (202) peak.
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Figure 42: Scans of the sample E through (202) peak.
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Figure 43: Dilation effect of out-of-plane lattice constant upon irradiation. Note that
the sample D was irradiated with the sample hot and the sample E was irradiated
without rastering. So, the dose was estimated from the amount of dilation.

peak position and a current Bragg peak position. In other words, a diagonal scan
is parallel with the lines shown in Fig. 32, but passes through an actual Bragg peak
of the film. However, a non-parallel scan always goes through the Bragg peak of a
completely relaxed film and the actual Bragg peak of the film. Consistently through
the samples, the out-of-plane lattice constant dilates with increasing dose. In h scans,
there seems no clear sign of asymmetric broadening of diffuse component. However,

for some samples there exists a slight amount of increase in diffuse peak intensity at
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the shoulder of lower part of h. From L scans of the samples, the amount of dilation
due to irradiation for each sample is plotted in Fig. 43.

In summary, a series of metastable Siy7Gegs films were irradiated with 25 keV
Ga' or 3 keV He™ ions and using in-situ x-ray diffraction the strain relaxation was
observed. As we predicted, in-plane relaxation was observed along with the typical
dilation effect in perpendicular direction. Before irradiation, the diffuse scattering was
probably due to point defects or thermal vibration. With more dose, it was clearly
observed that the film in sample A started to relax by introducing defects that allowed
long range relaxation of neighboring atoms. The argument was supported by the shift
and broadening of the diffuse scattering due to strain relaxation near defects induced

by irradiation.
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Chapter VII. Strain relaxation induced by irradia-

tion; evidence of equilibrium theory for GalN

In Ch. IV, we showed evidence that epitaxial GaN films are not metastable by
explaining strain relaxation as a function of thickness with an equilibrium theory[62].
In comparison, the growth of Si;_,Ge, has been known to be influenced by kinetic
effect so that the measured critical thicknesses are larger than those predicted by
equilibrium theory. Since Si;_,Ge, film is not grown under a complete equilibrium
condition and in a metastable state, strain relaxation of in-plane lattice constant was
expected when an external relaxation source such as energetic ion bombardment was
provided. And in Ch. VI, we showed that a metastable SiGe film relaxed in response
to irradiation. However, since GaN is assumed to be under equilibrium we don’t
expect any deviation of pseudomorphic status with further irradiation.

A series of GaN films on AIN buffer layer in different thickness combinations
were grown using MBE. X-ray measurements were done at the beamline X16A of
National Synchrotron Light Source at Brookhaven National Laboratory. Two Si(111)
monochromator crystals were used to select 1.56 A wavelength x rays. A scintillation
detector was used with a 2 mm x 2 mm slit, but no analyzer crystal was used. A
five-circle diffractometer combined with a ultra high vacuum chamber equipped with
a He' ion gun was utilized at the beam line. In high vacuum below 2x10~7 Torr of
the base chamber pressure, the sample was irradiated with 3 keV of He™ ions.

The sample was aligned with (113) and (123) peaks of sapphire substrate. To
monitor possible relaxation of GaN film due to ion bombardment, three index scans
through (101) GaN peak were made for each dose. Since we used the sapphire sub-
strate for indexing, the GaN (101) peak appears near (0.86, 0.86, 2.5) in sapphire

units. In Fig. 44, h, k, [ directional scans are shown for the sample with 25 A of
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GaN on it. In the h scan, there is no sign of peak shift with increasing dose. This
result confirms expectation that no relaxation would take place. In addition to the
absence of peak shift, little diffuse scattering due to irradiation was seen either. The
full width at half maximum is almost constant during the whole period of dosing
and only peak intensity goes down, again different from what we observed in SiGe
films in the previous chapter. The small peaks near GaN (101) peak is due to (11/)
crystal truncation rod of sapphire substrate. The k scan shows that the alignment
is maintained in a good condition during irradiation and the trend of a full width at
half maximum and peak height is about the same as for the h scan. In Fig. 45, scans
through (102) peaks of both AIN and GaN are shown. The decrease of peak intensity
is more dramatic than (101) scans and the peak almost disappears after the 6 dose.
In contrast to SiGe films, we conclude that what was happening to GaN film is that it
was being destroyed by irradiation with little or no relaxation at all. For the sample
with 50 A of GaN on it, the same trend is observed.

One big difference between GaN and SiGe is that the dilation effect is not observed
for GaN. In our measurements, the out of plane lattice constant increased up to a
certain point of dosing, then it contracted with more dose. This is clearly seen in
diagonal scan in Fig. 45. A possible explanation for the contraction of lattice constant
was that He' ions knocked out the constituent atoms of the film and produce some
amount of vacancy which makes the size of unit cell decrease. Atomic clustering
would tend to form where there is a high concentration of atomic vacancies. One
way to check this hypothesis is x-ray photoelectron spectroscopy (XPS). Since our
sample is thin enough for photoelectrons to travel through it. XPS measures the
binding energy of electrons and is sensitive to the structural environment of the
emitting atom. We made XPS measurements with the sample C to see if there is any

compositional difference before and after irradiation. XPS measurements were done
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84

L



Intensity

N d T T T T T T T T T
I—=—No dose 1
e 4%tgose L scan 1 | Radial scanatL=4.8 N:: dose 1
) 2" dose 1 0%k
S| 3™ dose R s
107 4" dose -~ E [
102
] 1 1 1 1 1
0.80 0.84 0.88 0.92 0.96
h
T T T T T T T T T T T T T T T T T T T T T T
r ——Nodose ] | —=—Nodose Radial scanatL=5.04 |
3 Transverse scan ——1%tdose 5
10°F atL=as8 2Mdose 7 10°F E
/—'-q —v—3"dose
3 /' outen 4™dose | 3 E
i /'/ \'\. ——5Mdose 1 I 1
L ” \\ ——ethd . L .
/:/ . 2\ ose
1% 3
102 / \ 4 102t E
s . = ] s ]
[ / i [ i
1 " 1 " 1 " 1 " 1 " 1 " 1 " 1 1 " 1 " 1 " 1
0.70 0.75 0.80 0.85 090 0.95 1.00 1.05 0.80 0.85 0.90 0.95
h h
T T T T T T T T
I —=—No dose T 1
e 4%dose :T-rlzv;;se scan
10° | 2™ dose atls=s. E
I ——3"dose
r 4% dose e 1
| —— 5" dose \'§:§.\ J
| —— 6" dose |
10 | E
rd fry ]
L A
1 1 1 1 1 1 1 1

0.70 0.75 0.80 0.85 0.90 0.95 1.00 1.056
h

Figure 45: Scans of the sample B through (102) peak.
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at the center of microanalysis at the University of Illinois with Perkin-Elmer PHI
Model 5600 MultiTechnique system with a Mg Ka source. Ga 3d and 2p electrons
were chosen to identify Ga bonding. A binding energy correction for sample charging
was made.

The measured binding energy for Ga 3d electron before irradiation was 19.63 eV,
which is consistent with the previous measurements from other authors[100]. Since
the sensitivity of photoelectrons depend on the matrix of the compound which is being
measured, the assumption that the sensitivity factor has not changed a lot before and
after irradiation is not absolutely accurate. However, the measurement showed that
the relative composition of Ga to N is almost 2.5 times after irradiation, the total
dose of which was 1.2 x10'" (ions/cm?).

One possibility is that He™ ions favorably collide with nitrogen atoms and induce
partial Ga clustering which would result in contraction of out of plane lattice constant.
Alternatively, Het hits Ga and N with the same probability, but with different knock-
out probability. Change of color after irradiation may indicate Ga clustering, too. It
is noteworthy that N-clusters might not survive because N, gas can escape. In Fig. 47,
the same type of scans are shown for the sample G. Unlike the first two samples, it
shows lattice dilation along the surface normal direction in the L scan. However, the
decrease of peak intensity and absence of broadening are the same as before. The only
difference between these samples was that the first two are below a critical thickness
and G is above a critical thickness. The different behaviors in response to irradiation
among GaN films are not clearly understood.

In summary, the effect of He™ ion irradiation on GaN thin films was studied us-
ing in-situ x-ray diffraction. No relaxation of strain in in-plane lattice constant was
observed which is one evidence of stable GaN under equilibrium state. A small con-

traction of out-of-plane lattice constant was measured and was attributed to nitrogen
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Table 8: Irradiation dose for each GaN samples. All these samples were irradiated
with 3 keV He™ ions. The samples B and C are the same as in Ch. IV.

Sample AIN GaN Total dose (ions/cm?)
TN

B 32 25 1st 2.9x10%°
2nd 2.3x1016
3rd 2.9x 1016
4th 3.6x10'°
5th 4.7x10%°
6th 7.0x 10
7th 9.0x 1016
8th 1.1x10%

C 32 50 1st 1.0x10%°
2nd 2.7x1016
3rd 4.5x101¢
4th 6.5x10'°
5th 1.2x 10"

G 64 500 3rd 7.0x10%°
6th 2.5x10'
9th 3.9x1016
12th 5.5x 1016

vacancy induced by irradiation. Ez-situ XPS measurements supported the argument
of nitrogen vacancy by showing that the relative composition of Ga increased 2.5
times more than before irradiation. In the sample G, a lattice dilation effect was

observed and the different behaviors among GaN films are not clear.
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Chapter VIII. Summary and conclusion

Using x-ray diffraction we studied strain relaxation of physical systems in two
different regimes; microscopically and macroscopically. For microscopic strain anal-
ysis, Sb/Si(111) was studied and it was observed that surface layers of Si with Sb
adsorption rearranged themselves to maintain energy minimum configuration so that
adsorbate-induced strain propagated several layers inside Si.

For the case of macroscopic strain relaxation analysis, GaN thin films grown on
sapphire (0001) with AIN buffer layer were investigated. Equilibrium theory was suc-
cessfully applied to explain their strain relaxation as a function of thickness. However,
it was not clear that AIN films grown on sapphire (0001) also followed the same the-
oretical prediction. In contrast with GaN, for SiGe films, a kinetic effect needs to be
included to explain a larger experimentally determined critical thickness than the-
oretically predicted. In this sense, GaN behaves in a fundamentally different way
from SiGe. To investigate thoroughly this difference, we irradiated GaN and SiGe
samples below critical thickness with high energetic ions in order to activate defects
which allowed neighboring atoms to relax. Since SiGe was in a metastable state, but
not GaN, we found that only SiGe relaxed upon introducing defects induced by irra-
diation. Our prediction was confirmed by observing a peak shift in irradiated SiGe

samples. No shift but only intensity decrease was observed for GaN.
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